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Experiments on the alpha-beta cycling of the core of 
a bar of uranium while the rim remains in the alpha 
phase show that dimensional distortions of the bar 
occur when more than about 10 % of the bar diameter 
is transformed to beta. The extent of the damage 
depends on the fraction of the bar diameter trans- 
formed (e.g. +0.5 % diameter strain with 30% 
transformed). Damage is not observed to increase 
with increasing number of cycles between 13 and 100. 

Tubular specimens suffer more severe damage than 
solid bars when compared on a basis of the percentage 
of outside diameter transformed. The striking feature 
of these results is the large increase in internal 
diameter. 

The distortions are dependent on the direction 
of movement of the interface between the phases, and 
the detailed results are consistent with a general model 
of phase-change cycling. 

Metallographic examination after cycling shows that 
recrystallisation has taken place in all metal heated 
to above 560 + 10°C. No porosity which can be 
attributed to cycling has been detected. 


Des expériences de cyclage « > 6 sur un barreau 
duranium ont été réalisées de telle sorte que le cceur 
du barreau subisse seul le cyclage « > f tandis que 
la périphérie reste en phase «. Des modifications de 
dimension du barreau se produisent quand le cyclage 
« — B intéresse plus de 10 % du diamétre du barreau. 
L’importance du dommage dépend de la fraction du 
diamétre du barreau transformé (par exemple 30 % 
transformé provoque un allongement de diamétre de 
0,5 %). On n’observe pas d’augmentation du dommage 
avec lenombre croissant de cycles entre 13 et 100 cycles. 

Des échantillons tubulaires subissent une distorsion 
plus sévére que les barreaux pleins quand on compare 
ces deux types de barreaux en se basant sur le pour- 
centage du diamétre extérieur modifié. 


1. Introduction 


Permanent dimensional changes and dis- 
tortions result when uranium and several other 
metals, notably iron, are cycled through their 
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Les distorsions dépendent de la direction de dé- 
placement de l’interface entre les phases; les résultats 
détaillés sont conformes 4 un mode général de cyclage 
par changement de phase. 

L’examen métallographique aprés cyclage montre 
que la recristallisation a eu lieu dans toute la région 
du métal qui a été chauffée au-dessus de 560 + 10°C. 
Aucune porosité, qui pourrait étre attribuable au 
cyclage, n’a été observé. 


Es wurden Versuche zur zyklischen «+f$-Umwandlung 
des Kerns eines Uranstabes durchgeftihrt, wobei der 
Mantel des Stabs in der a-Phase verblieb. Dabei 
zeigten sich Anderungen der Stababmessungen, wenn 
die Umwandlung in die f-Phase in einem Bereich von 
mehr als 10% des Stabdurchmessers ablief. Der 
Grad der Schadigung ist von dem Bruchteil des 
umgewandelten Stabvolumes abhangig (z.B. Um- 
wandlung tiber 30 % des Durchmessers ergibt +0,5 % 
Zunahme des Durchmessers). Eine Zunahme der 
Schadigung wurde mit wachsender Zyklenzahl von 
13 auf 100 nicht beobachtet. 

Rohrférmige Proben erleiden bei emem Vergleich, 
bei dem der von der Umwandlung betroffene Prozent- 
satz des ausseren Durchmessers zugrunde gelegt 
wird, eine gréssere Schaédigung als massive Stabe. Das 
auffallendste Merkmal dieser Ergebnisse ist die starke 
Zanahme des Innendurchmessers. 

Die Gestaltsanderungen hangen von der Bewegungs- 
richtung der Phasengrenzflache ab. Die Hinzelbefunde 
stimmen tiberein mit einer allgemeinen Form der 
zyklischen Phasenumwandlung. Eine nach der zykli- 
schen Warmebehandlung vorgenommene metallo- 
graphische Untersuchung ergab, dass an allen Stellen, 
die tiber 560+ 10°C aufgeheizt wurden, eine 
Rekristallisation stattgefunden hat. Es konnte keine 
von der zyklischen Warmebehandlung herrithrende 
Porositét festgestellt werden. 


phase changes 1.2.3), At 662°C uranium trans- 
forms from the alpha to the beta phase and 
therefore this has set the limit on the maximum 
fuel temperature in civil reactors to avoid 
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possible damage from cycling through the phase 
change. If a central core of beta could be 
tolerated in a fuel element, considerable gain in 
heat rating and efficiency would be possible. 

This report discusses the quantitative effects 
of thermally cycling the central core of a 
uranium bar or tube through the alpha-beta 
transformation while the rim remains in the 
alpha phase. The experiments could not simulate 
the effects of irradiation although fission 
product accumulation leading to swelling or 
embrittlement (e.g., hot shortness) will be 
important for reactor service at these tempera- 
tures and could be affected (probably adversely) 
by a phase transition. 


2. Discussion of Previous Work 


Buckley et al.1) demonstrated experimentally 
that, when a plane phase boundary moves 
through a uranium specimen, there is a shape 
change characterised by shortening of the 
specimen normal to the boundary separating 
alpha from beta, and a lengthening normal to 
the boundary when it separates beta and 
gamma. 

Lehr 2) and De Jong and Rathenau #) reported 
a similar phenomenon in the alpha-gamma 
cycling of pure iron; in this case, however, the 
specimens grow in length normal to the phase 
boundary. 

The explanations offered by these authors 
are similar and assume that: 

(1) there is coherency at the phase boundary ; 

(2) to maintain this coherency in the face 
of the transformation stresses, there is plastic 
flow on both sides of the phase boundary, and 
this deformation occurs to a greater extent in 
the weaker phase. 

The mechanism for alpha-beta cycling damage 
in uranium, as described by Buckley et al., is 
shown schematically in fig. 1. Alpha is weaker 
and has 1 % lower specific volume than beta 
at the transformation temperature. The alpha 
phase, adjacent to the coherent interface, is 
plastically deformed to give axial shortening and 
an increase in radius of the specimen; this is 
the most marked result of cycling. During the 


heating part of the cycle, there is also a tendency 
for the advancing beta phase to expand the 
adjacent alpha in the plane of the phase 
boundary and so lead to the development of a 
tapered specimen. This is a secondary effect 
which has been exaggerated in fig. 1, but which 
has been established experimentally *). 

Tn the cases of the beta-gamma transformation 
in uranium and the alpha-gamma transformation 
in iron, there is lengthening of a specimen 
normal to the phase boundary. It is known that 
beta uranium is much stronger than gamma, 
and Lehr 2) has suggested that, in pure iron, 
gamma is stronger than alpha at the trans- 


formation temperature. 
These properties are tabulated in table 1. 
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TABLE 1 
Metal Uranium Uranium Tron 
Phase 03 B B y oe y 
Relative strength at transformation temperature Low High High Low Low High 
Relative specific volume at transformation temper- 
BWHUIRD 9 9 LG SHES ig, oo Pod SES ep eee Low High Low High High Low 
Effect of phase-change cycling on dimension normal 
LOmpnaser boundaryzcae se. eis Lee Nees Shortening Lengthening Lengthening 


In these three cases, a combination in one 
phase of high strength and high specific volume 
gives distortion of one sign, and high strength 
with low specific volume leads to distortion of 
the other sign. The following general statement 
of the effect is suggested as applicable to all such 
cases. When a phase boundary moves through a 
specimen there is a tendency for the specimen 
to retain the dimensions of the stronger phase 
in directions tangential to the boundary. This 
tendency can be expected to increase with 
increasing volume change on transformation and 
with increasing difference in strength. 

McIntosh and Heal >) reported results on the 
cycling of various uranium alloys and showed 
that 4 at % Cr and 4 at °% Mo confer consider- 
able resistance to damage. They attribute this 
to the smaller difference in mechanical proper- 
ties between alpha and beta in these alloys than 
in the nominally pure, magnesium-reduced 
uranium. 

Buckley et al.1) estimate that under reactor 
conditions there is little chance of cycling 
damage when the beta phase core inside a 
uranium bar occupies less than 20 % of the 
diameter; beyond this, they calculate that the 
stress will be sufficient to make the alpha rim 
fully plastic. They also predict that cumulative 
cycling damage is unlikely until the phase 
boundary reaches the surface. 


3. Experimental Method 

In the experiments on solid bars, specimens 
71 cm long and 2.35 or 2.44 cm diameter were 
machined from. magnesium-reduced uranium 
which had been beta-quenched and _ alpha- 


annealed. Circumferential grooves were scribed 
at accurate intervals of 5 cm along the speci- 
mens. These were used as markers for length 
measurements before and after cycling. 

A 5 cm length at each end was copper plated 
for electrical contact purposes and the specimens 
were thermally insulated by winding with woven 
silica tape. A 0.3 mm thickness of tape was put 
on the 2.44 cm diameter bars for the high heat 
flux (46 kW/m or ~ 14 kW/ft) and a 0.6 mm 
thickness on the 2.55 cm diameter bars for the 
low heat flux experiments (20 kW/m or 6 kW/ft). 
The bars, with their silica tape wrappings, were 
canned in 66 cm long, 0.127 mm thick, 2.5 cm 
nominal bore, stainless-steel tubes. Hollow 
copper end connections were then fixed by 
filling them with molten lead and inserting the 
copper plated ends of the uranium bar. Three 
thermocouple holes were drilled through the 
can and into the bar by spark erosion and 
0.16 cm diameter Pyrotenax chromel-alumel 
thermocouples inserted and brazed to the can 
in the arrangement shown in fig. 2(a). Thermo- 
couples 1 and 2 were on the same cross-section, 
No. 1 being at the centre of the bar and No. 2 
at a depth of 4 of the radius from the surface. 
The axial position of No. 3 thermocouple was 
varied between 5 cm and 23 cm from the centre 
in various experiments to measure the length 
of the beta core. 

Tubes for argon inlet and outlet were brazed 
to the can, one at each end; during the experi- 
ments a small flow of argon was maintained to 
prevent oxidation and indicate leaks. 

The whole assembly (fig. 2(a)) was connected 
to flexible bus bars from a continuously variable 
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high current, low voltage rectifier, the canned 
uranium being placed horizontally in a tank of 
water which was lightly stirred by compressed air. 

In all tests, heating and cooling rates were 
30°+ 5°C per minute. Cycles were from a 
starting temperature of 600° C (No. 1 thermo- 
couple) for unalloyed uranium and 500° C for 
the one specimen of 4 at % Cr. 

During testing, the temperature of the central 
thermocouple (No. 1) was continuously record- 
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Experimental arrangements. 


ed; by operating a selector switch, spot readings 
of temperature from the other thermocouples 
were obtained on the same trace from time to 
time. 

Experiments on tubular specimens, cooled 
only on the outside, were done using the arrange- 
ment shown in fig. 2(b). Only two thermo- 
couples were used since a 30 cm long test 
specimen was the biggest available. Care was 
taken that No. 1 thermocouple hole penetrated 
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Conditions and some results of the experiments 


Expt. Temperature Manian PHostitis Overall change Increase in 
No. range cycles (kW/m) in length bow at centre Rémarks 
(°C) (cm) (em) 
4 600-700 100 20 + 0.254 1.810 
7 600-680 100 20 — 0.127 0.725 
10 600-700 23 20 — 0.175 0.406 
11 600-720 33 20 + 0.503 0.450 
12 600-680 50 20 — 0.127 0.546 
13 600-710 13 20 — 0.132 0.650 
19 600-700 50 20 — 0.254 1.580 
22 600-700 23 46 — 0.175 0.626 
23 600-700 25 46 — 0.444 1.145 
25 600-680 52 46 — 0.132 1.460 
17 600-700 50 16 — 0.051 — Tube 
20 600-700 50 16 + 0.038 Tube 
24 600-700 50 39 — 0.127 — Tube 
15 500-700 16 20 — 0.975 0.330 % at % Cr 
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to the bore of the tube; thus the argon pressure 
inside was maintained at one atmosphere. 

In all experiments there was an_ initial 
clearance of 0.25 mm between the silica insu- 
lation and the can. 

In some of the experiments, water leaked in 
through the brazed joints, the lead end seals or 
through cracks caused by wrinkling of the 
stainless steel can. The experiment was stopped 
when this was observed but in none of the 
experiments reported here was oxidation of the 
uranium severe enough to affect the results. 


4, Results 


The conditions and some results of the 
experiments are shown in table 2. 

In the low heat flux experiments with solid 
uranium bars, a radial temperature difference 
of 45° C was maintained. This figure was derived 
from the readings of the two thermocouples on 
the central cross-section (one at the centre and 
one at 4 of the radius from the surface), 
assuming a parabolic relationship between 
temperature and radial position; this is approxi- 
mately correct for this case of uniform heat 
generation ®). A 45 °C radial drop corresponds 
to 20 kW/m (6 kW/ft) in uranium and implies 
that the following were the percentages of 
diameter above 670°C in the various experi- 
ments (table 3). 


TABLE 3 
Max. temperature of Percentage of bar 
cycle in centre of bar, diameter above 670° C 
(ae) at 20 kW/m (6 kW/ft) 
680 47 
700 82 
710 94 
720 100 


The temperature of the alpha to beta trans- 
formation as observed from arrests varied 
between 665°C and 675° C in different tests; 
hence the choice of 670° C in table 3. The tabu- 
lated figures in the right hand column can be 
taken as approximations for the diameter of the 
beta core. When the uncertainty due to the 
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latent heat of transformation is considered, their 
accuracy, as amounts transformed is estimated 
at + 10 % of the bar diameter. 

The length of the beta core was estimated to 
be between 30 cm and 40 cm in the 20 kW/m 
experiments; this estimate was made from the 
readings of No. 3 thermocouple situated 5, 15, 
18 and 23 cm from the centre of the bar in four 
different experiments (Nos. 11, 12, 13 and 19). 

In the high heat flux experiments (those with 
0.3 mm of silica insulation), a radial temperature 
difference of 100° C was obtained, corresponding 
to 46 kW/m (14 kW/ft). With 700°C as the 
maximum temperature on No. 1 thermocouple, 
55 % of the diameter was above 670° C, while 
31 °% was above 670°C with 680°C as the 
maximum. The length of the beta core in these 
experiments was between 38 cm and 48 cm. 

Two of the tubular specimens tested were 23 
em long, 2.35 cm o.d. and 0.79 id. and were 
subjected to a heat flux of 16 kW/m; under these 
conditions a maximum central temperature of 
700° C corresponded to 86 °% of the wall thick- 
ness above 670° C. One tubular specimen 30 cm 
long, 2.44 cm o.d. and 0.71 i.d. was cycled to 
700°C at 40 kW/m (12 kW/ft); in this case 
58 % of the wall thickness was above 670° C. 

All the measured diameter and length strains 
are shown graphically in figs. 3-7. These are 
accurate to + 0.3 % on diameter and + 0.5 % 
on length. Diameter and length measurements 
after cycling were averaged from four measure- 
ments on each section between marker grooves 
since both wrinkling and bow were caused by 
cycling. 

After cycling, density measurements were 
made on sections cut at 5 cm intervals along 
specimens No. 4, 15, 17, 19, 22 and 25. These 
showed that in no case was there a variation 
of more than + 1 % from the value measured 
on the complete specimen before cycling. 


5. Metallographic Results 


Specimens from all experimental bars were 
examined metallographically before and after 
cycling; after cycling specimens were cut from 
the centres of the bars. Grain sizes, determined 
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TABLE 4 


Effect of cycling on grain size 


Grain size, mm 
Before cycling After cycling Factor by which 
ee Uranium Ni , Ss average trans- 
No. Longitudinal Transverse Longitudinal Transverse ers grain size 
section section section section changes with 
Ave. Max. | Ave. Max.| Ave. Max.| Ave. Max. eycling 
4 | Mg-red. 6-quenched bar OSPF O58 0.30 2.5 | Increase by 1.8 
7 | Mg-red. B-quenched bar OFT 029 0:32" 92-2*|#increase =bya9 
10 | Mg-red. nominally 6-quenched 0.59 5 0.35 3.2 | Decrease by 1.7 
but unrefined bar 
11 Mg-red. nominally 6-quenched O26 aa 0.28 2.4 | Decrease by 2.2 
but unrefined bar 
12 | Mg-red. nominally B-quenched 0.63 5 0.27 2.3 | Decrease by 2.3 
but unrefined bar 
13 | Mg-red. nominally 6-quenched 01595 25 0.30 2.8 | Decrease by 2.0 
but unrefined bar 
19 | Mg-red. 6-quenched bar 0.28 0.9 | 0.22 0.9 | 1.0 3.8 | 1.2 4.4 | Increase by 5.4 
22 | Mg-red. 6-quenched bar 0:25 0/8 0:21 1.0.8) | 50:44. 41-9 10805 3:3, einersaser bya 1-4: 
23 | Mg-red. B-quenched bar O17 OFF) 0:16". 057 | 0:28" 08) 0.385 75.4. |Imereases ibys 274 
25 Mg-red. B-quenched bar OA LON ale 0l23 122) | 0:54 9321 | Olo7- 4.6) Increase by -2°5 
17 | Mg-red. B-quenched tube 0.25 0.6 | 0.26 0:9 | 0.46 F.5 | 0.27 2:3") No change 
20 | Unrefined tube ORO Sno z0e | el 5.6 | 0.62 3.1 | 0.44 4.1 | Decrease by 2.4 
24 | As-cast tube 0:80! =5:5 | 0:85" 6.0 |_ 0:38 5:0) | 0:46. 656 (Decrease by ES 
15 | As-cast 4 at % Cr bar 0.23 -(0.5 | 0.17. 0:6 | 0.17 0:9 | Decrease by 13 
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at 20 kW/m. 


by the line intercept method, are reported in 
table 4. In none of these central sections was 
there a difference in metallographic structure 
between the rim and the core of the bar after 
cycling. 

When sections were cut outside the axial 
limit of the beta core the boundary between 
regions of different grain size was observed; an 
example is shown as fig. 8 where the ellipsoidal 
zone of grain growth is seen adjacent to the beta 
quenched structure. 


Examples of the surface wrinkling noticed 
after cycling are shown in fig. 9. 

No evidence of cavitation or pore formation 
that could be attributed to cycling was found. 
Some porosity was observed in all sections but 
it was not possible to differentiate between 
casting defects and porosity induced by thermal 
cycling. 


6. General Discussion 


Fig. 1 shows how a plane interface can cause 
the experimentally observed!) damage. The 
specimen shortens normal to the interface and 
expands in the interface. In the present experi- 
ments the interface is a closed surface which 
can be considered approximately as the combi- 
nation of a cylindrical interface which moves 
radially and two plane interfaces moving axially. 

For a cylindrical interface the model is shown 
in fig. 10. The tendency is for dimensions in the 
interface (length and circumference) to be 
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expanded and for the dimension normal to the 
interface, the radius, to be contracted. These 
tendencies are denoted by arrows on fig. 10(a) 
and can be conveniently called primary 
tendencies. 

Secondary effects, which modify these ten- 
dencies, arise when the model is considered 
further. In these experiments coherency across 
the phase boundary is sufficient to prevent the 
formation of voids; (this is supported by the 
density and metallographic results reported 
above). Thus circumferential growth cannot 
occur, as illustrated by fig. 10(6) where a thin 
annulus is considered to be transforming. For 
circumferential growth of this annulus both 
and Rez (the i.d. and o.d.) must expand. The 
inside diameter R, cannot expand because of 
the strength of the beta core and the cohesion 
across the interface. Therefore since the annulus 
is plastic its thickness (R2— #1) tends to increase 
rather more than it would if R, were free to 
expand, and its length, normal to the paper in 
fig. 10(b), tends to expand also. The tendency 
for circumferential growth is therefore resolved 
into components of axial and radial growth. 

Thus the change in the radial dimension of 
the specimen is the sum of 
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Grain growth zone in uranium bar specimen. 
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Fig. 9. Effect of cycling on surfaces of solid bars. 


Fig. 10. Damage at a cylindrical interface. 
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(1) the primary radial contraction normal 
to the interface, and 

(2) the radial expansion resulting indirectly 
_ from the primary tendency to circumferential 
growth. 

The axial growth of the specimen is the sum of 

(1) the primary tendency to axial growth, and 

(2) the contribution to axial growth resulting 
indirectly from the primary tendency to circum- 
ferential growth. 

Fig. 10(c) illustrates a possible result of these 
considerations. 

The experimental results will be discussed in 
the following paragraphs in the light of the 
models shown in figs. 1 and 10. 


7. Solid, Unalloyed Bars at 20 kW/m (6kW/ft) 


Figs. 3 and 4 show that there are marked 
increases in diameter at the ends of the beta 
core in specimens 4, 7, 10, 11, 12, 13 and 19. 
Here the interface is approximately a plane 
moving axially; fig. 1 is appropriate and the 
results are consistent with its predictions. 
Specimen 19 (fig. 3) for which length changes 
are available shows that a decrease in length 
has occurred in this region. 

In the centres of bars where a cylindrical 
interface moves radially, four of the five speci- 
mens cycled to 700°C and higher show a 
decrease in diameter of between 0.5 and 1 % 
while the fifth increased in diameter by about 
the same amount. The model of fig. 10 suggests 
that diameter strains in these regions are the 
algebraic sum of two conflicting tendencies 
which would qualitatively account for this 
anomaly and would explain why the diameter 
strains in the centres of the bars are less than 
those at the extremities of the beta core. 

In specimens cycled to 680°C no diameter 
decrease was observed (fig. 4). This difference, 
from the specimens taken to 700° C and above, 
might be due to the following hypothetical 
sequence of events (illustrated in fig. 11): 

(a) On heating, the beta phase forms firstly 
in “islands” along the length of the bar rather 
than as one thin fibre. This could be caused by 
quite small variations in heat transfer along the 
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FILAMENT GROWS RADIALLY AND AXIALLY 
Fig. 11. Suggested model for f-zone growth with 


heat transfer irregularities. 


can; thermocouple entries, in these experiments, 
are examples of likely sources of variation. 

(b) The early growth of beta is by the 
joining up of these islands to form a core. At this 
stage the interface is moving axially as well as 
radially in the centre of the bar. 

(c) When the beta forms a continuous core 
it grows radially in the centre and axially at the 
ends. 

The reverse sequence would be expected on 
cooling. 

It is proposed that in the 680° C experiments 
(Nos. 7 and 12, fig. 4) with about 50 % of the 
diameter being beta, the (a) and (b) steps of this 
sequence are predominant, giving diametral 
expansions by the mechanism of fig. 1, while 
in the other experiments, with more than 80 °% 
of the beta formed, step (c) is predominant in its 
effect on shape changes by the mechanism of 
fig. 10. 

In none of these experiments were sufficient 
thermocouples installed to detect this phenome- 
non. Its occurrence would, of course, affect all 
these experiments and would contribute to the 
lessening of strains in the centres of bars 
compared to those at the extremities of the 
beta cores. 
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Fig. 12. Swelling of bores in tubular specimens. 


The results do not show that an increasing 
number of cycles leads to more severe damage. 

At 20 kW/m an increase in the amount of 
beta phase present from 47 % to 82 % of the 
diameter has caused a change in maximum 
diameter strain from 1 % to 2-3 %. 


8. Solid Unalloyed Bars at 46 kW/m (14kW/ft) 


Considered together with the 20 kW/m 
experiments, these specimens show (fig. 5) 
broadly the same type and amount of damage 
for the same fraction of diameter transformed 
to beta. This can be seen by comparing the 
results of Specimens 22 and 23 on fig. 5 with 
those of Specimens 7 and 12 on fig. 4, all of 
which had about 50 % of their diameter trans- 
formed to beta. 

However, there are some differences in detail 
between the two sets of results. In the cases 
of higher heat flux, the beta cores were 7.5 cm 
longer than in the 20 kW/m experiments and 
consequently the axial damage zones are longer. 
Also, the axial temperature gradient from the 
end of the beta core to the terminal block was 


steeper in the higher heat flux experiments; 
this has led to less axial movement of the inter- 
face at the ends and has given less prominent 
bulges in diameter at these points. Wrinkling 
of the surface was generally less marked at 
the higher heat flux as shown in figs. 9(a) and (bd) 
but this is attributed to the smaller fraction of 
diameter transformed in the 46 kW/m experi- 
ment (fig. 9(b)) rather than to the higher heat 
flux directly. 

When the results of the 20 kW/m and 
46 kW/m experiments are considered together, 
an approximate relationship can be established 
between damage measured by the maximum 
diametral strain, and fraction of diameter 
transformed. This relationship is shown graphi- 
cally in fig. 13. An extrapolation indicates that 
no damage would be expected when 10 % of the 
diameter is transformed to beta. This is in 
reasonable agreement with the 20 °% derived 
theoretically by Buckley et al.1). 

It is important to note that if at 46 kW/m, 
the maximum uranium temperature is only 
1°C above the transformation temperature, 
10 % of the diameter is transformed to beta. 
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9. Tubular, Unalloyed Specimens 


Two 23 cm specimens, Nos. 17 and 20, were 
cycled to 700° C at 16 kW/m so that 86 % of 
the wall thickness (or 90% of the outside 
diameter) was above 670° C. The length of the 
beta core was between 6.5 cm and 9 cm. A 30 cm 
tubular specimen (No. 24) was cycled to 700° C 
at 39 kW/m so that 58 % of the wall thickness 
(or 70 % of the outside diameter) was above 
670° C; here the beta core was between 13 and 
18 cm long. The diametral strains (and length 
strains for Specimen 24) are shown in fig. 6. On 
sectioning, these specimens were found to have 
bores swollen between 20 °% and 30 %. Examples 
are shown in fig. 12. 

The mechanism of the swelling of the bores 
of the tubes is simply obtained by applying the 
model of fig. 1 to the special case of a hollow 
rod. The plane, annular interface moves axially 
and the specimen is therefore expanded in i.d. 
and o.d. and contracted axially. For the 
cylindrical interface moving radially in the 
centre of the specimen, the mechanism predicts 
contraction of the i.d. and of the o.d. and axial 
expansion. 

The results for Specimens 17 and 20 are 
explained on this mechanism if it is assumed 
that the extreme shortness of the beta core 
(6.5-9 cm) has led to predominantly axial 
movement of the interface in these experiments. 
In specimen 24 the longer beta core (13-18 cm) 
has allowed some axial lengthening in the centre 
and a marked decrease in the amount of dia- 
meter strain (fig. 6). Thus there is a tendency 
towards a decrease in diameter at the centres 
of the specimens and the prediction that 
contractions of o.d. and i.d. would occur in 
longer specimens is the logical extension of the 
argument. 

A comparison of the results on tubular 
specimens with those on solid rods indicates a 
tendency to greater damage (as measured on 
o.d.) as a result of the central hole. This is 
demonstrated on fig. 13 where the results for 
tubes are shown plotted on the same basis as 
those for solid rods; the percentage of the o.d. 
inside the 670° C isotherm is the ordinate for 
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both cases. While one solid rod experiment 
shows an anomalously large damage, in the 
remainder of the experiments the tubes have 
suffered more severely. The reason for this is 
not understood. 
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Fig. 13. Data for unalloyed specimens. 


10. Uranium, 4 at °, Chromium Alloy Bar 


Specimen 15 in the as-cast condition was 
given 16 cycles to 700°C at 20 kW/m. This 
corresponds to 100 % of the diameter being 
above 640°C, the beginning of the trans- 
formation range, and to 90 % above 660° C, 
the end of the range. At the cooling rate of 
30° C per minute the transformation from beta 
to alpha was not observed as an arrest until 
560° C. This is in keeping with the known T.T.T. 
characteristics of the alloy 7) and, because of it, 
500° C was chosen as the lowest temperature 
of cycling. The diameter changes of the specimen 
after cycling are shown on fig. 7; the overall 
length of the bar decreased by 1 cm in 16 cycles 
which represents 2.8 °4 of the length of the 
beta core. 

McIntosh and Heal®) have observed the 
equality in strengths of the alpha and beta 
phases in this alloy at the transformation 
temperature. Because of this the transformation 
of the core of a bar to beta on heating should 
be accomplished with isotropic expansion with 
none of the effects associated with different 
strengths on each side of the boundary such as 
are suggested in fig. 1. This has probably 
happened in Specimen 15 as shown in fig. 7. 
At the lower transformation temperature (560° C) 
no data on relative strengths exist. The behav- 
iour of this specimen can be explained by 
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assuming that at this temperature the alpha 
phase is stronger than the beta. If this is so, 
when the cooling transformation begins there 
will be a contraction in the specimen dimensions 
which are tangential to the interface and there- 
fore a net expansion at right angles to these 
directions. Fig. 14 shows sketches of the stages 
of this process. 


DURING HEATING 
TRANSFORMATION 
A CORE INCREASING IN SIZE 


AT MAXIMUM 
TEMPERATURE 


DURING COOLING 
TRANSFORMATION 
| CORE DECREASING IN SIZE 


Fig. 14. 


Suggested model for cycling damage in a 
U-4 at % Cr alloy. 


Thus, assuming that at 560°C the alpha is 
the stronger phase, the observed result is 
consistent with the general model of phase- 
change cycling damage. The result can be 
summarised as a tendency to retain the dia- 
meter at the maximum temperature by means 
of a large decrease in length on cooling. 

Cooling rate would be expected to have an 
effect on the damage sustained by this alloy 
since the temperature of cooling transformation 
will be sensitive to cooling rate and, at different 
temperatures, the strength of the beta relative 
to the alpha may well be different. 
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11. Metallographic Discussion 

The main metallographic feature in all the 
unalloyed specimens was a change in grain size 
(table 4). This was observed as an increase of 
between 1.4 and 5.4 times for the specimens 
grain refined by beta quenching while for as-cast 
and incompletely grain refined metal the grain 
size was approximately halved by cycling. 

In the centres of the specimens there was no 
evidence of a rim and core of different grain 
size but such sections, one of which is shown 
as fig. 8, were found outside the axial beta core 
limits. This suggests that the grain growth, or 
refinement, has taken place whenever the 
metal has been heated above some temperature 
below that required for transformation. From 
a consideration of the positions at which 
sections such as fig. 8 occurred it is concluded 
that the grain size changes have taken place 
above 560°+ 10°C. 

There are no data on the recrystallisation 
kinetics of British magnesium-reduced uranium, 
but Hayes 8) using metal of American origin 
has shown that recrystallisation begins at 
525° C after 4 °%% reduction. The change in grain 
size of these bars may be due to recrystallisation 
of the alpha grains probably combined with 
grain growth following upon the plastic defor- 
mation caused by the transformation. The final 
cooling transformation will cause plastic defor- 
mation of the central core of the bar according 
to the mechanisms suggested. 

The surface wrinkling is due to the anisotropy 
of the alpha lattice. Protuberances on the 
surface will occur when directions of low 
compressive critical shear stress happen to be 
aligned normal to the surface. 

In the $ at % chromium alloy the grain size 
was found to be virtually the same before and 
after cycling. Little surface wrinkling was 
observed on the alloy specimen (fig. 9(c)) and 
this is attributed to the small grain size which 
makes the polycrystalline metal more isotropic. 

That no porosity attributable to cycling was 
observed has two possible explanations. The 
first and more likely one is that, in the conditions 
of the experiments, the stresses are always 
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symmetrical about the axes of the bars and 
would therefore be unlikely to lead to void 
formation. This was not so in the experiments 
of Buckley et al.1) where the phase boundaries 
were plane and where large porosities were 
developed. The second explanation is that voids 
are present and cannot be discriminated from 
other voids, or that they are smaller than can 
be detected by light microscopy. Here, as an 
explanation for the small size of the voids 
compared to those of Buckley e¢ al., symmetry 
of stress would have to be invoked. 


12. Conclusions 


All the results can be satisfactorily explained, 
in a qualitative manner, on the basis of a model 
proposed by Lehr?) and Buckley et al.1) but 
elaborated here to include cylindrical interfaces. 
The essence of the model for alpha-beta cycling 
in uranium is that, when alpha and beta are 
separated by a moving interface, plastic defor- 
mation of the weaker alpha brings about a 
contraction in the specimen dimension normal 
to the interface and an expansion in the 
directions in the interface. 

It is suggested that the general statement of 
the phase change cycling damage effect in 
metals is: when a phase boundary moves 
through a specimen there is a tendency for the 
specimen to retain the dimensions of the 
stronger phase in the directions tangential to 
the boundary. This is shown to be consistent 
with published information on alpha-beta and 
beta-gamma cycling in uranium and on alpha- 
gamma cycling in iron. 

Several points emerge when the results are 
considered quantitatively. 

(a) The greatest amount of damage in the 
form of diameter and length strains has been 
found at the ends of the beta cores in the 
experiments on bars, where phase boundary 
movement is predominantly axial. The damage 
appears to be simply dependent on the amount 
of the diameter transformed to beta and varies 
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between 0.5 % dia. strain at 30 % dia. trans- 
formed to beta and 2.0 %-3.5 % at 80 % dia. 
transformed to beta. 

(b) With 10 % or less of the diameter trans- 
formed to beta no damage will occur. This 
corresponds, at 46 kW/m (14 kW/ft, the 
approximate C.E.G.B. reactor heat rating), to a 
maximum uranium temperature of 1° C above 
the transformation temperature. 

(c) Damage does not increase with number 
of cycles between 13 and 100. 

(d) Tubular specimens, of the dimensions 
examined in this work, show more damage than 
solid bars with comparable amounts of beta. 
The most striking feature of their behaviour has 
been a large increase in inside diameter. There 
is reason to believe that, in other conditions, a 
decrease in inside diameter could also be 
obtained. 
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The UOs-Us09 equilibrium phase diagram was estab- 
lished by using metallographic techniques. Data 
obtained from visual examination of the micro- 
structure of annealed and quenched samples made 
from dense solid pieces of UOz were used to determine 
the solubility of UsO9 in UOe+, as a function of 
temperature. Two phases, UOzg and UsQ9-,, were 
found to exist at room temperature between O/U 
ratios of 2.00 and 2.22, although at temperatures 
over 940° C only a single phase is present. There is 
a wide range of UOz+z, between O/U ratios of 2.000 
and 2.194 at temperatures between 200° and 950° C. 
In addition, a range of substoichiometric U4QOy9 lies 
between 2.25 and 2.20 at 940° C and to 2.22 at room 
temperature. 


Le diagramme d’équilibre de UO2-U409 a été établi a 
Vaide de techniques métallographiques. On a utilisé 
les données obtenues par examen visuel de la micro- 
structure d’échantillons d’UOz compacts recuits et 
trempés pour déterminer la solubilité du UsO,9 dans 
UO2+z en fonction de la température. On a trouvé que 
deux phases UOz2 et Us09-y existent a la température 
ordinaire entre les valeurs du rapport O/U de 2,00 a 


1. Introduction 


In recent years various techniques have been 
used to establish the UO2-U409 equilibrium 
phase diagram !~4). Gronvold!) performed the 
most complete analysis utilizing high temper- 
ature X-ray techniques in which he found that 
a single phase existed at 950°C between a 
composition of UOz.00 to UOe217. Upon cooling, 
the second phase, UsO9, appeared. At 950° C, 
U109 was stable between UOs.24 and UOd2.26; 
however, at low temperature, it was only stable 
at UOez.25. In more recent work Willardson, 
Moody and Goering 2) utilized electrical conduc- 


2,22; au-dessus de 940° C une seule phase est présente. 
Il y a un large domaine d’existence de composés de 
formule UOe+, dont les rapports O/U varient de 
2,000 @ 2,194 aux températures comprises entre 200° 
et 950° C. De plus un domaine de composition sous- 
stoechiométrique UsOg existe entre 2,20 a 940°C et 
2,22 a la température ambiante. 


Das Uran-Sauerstoff-Diagramm wurde zwischen UO2 
und UsO 9 auf metallographischem Wege ermittelt. 
Die Ergebnisse, die aus der Gefiigebetrachtung von 
geglihten und abgeschreckten, aus dichten UOs- 
Stiicken hergestellten Proben gewonnen wurden, 
wurden zur Bestimmung der temperaturabhangigen 
Léslichkeit von U4O¢ in UOz+z herangezogen. Es wurde 
gefunden, dass bei Raumtemperatur bei einem O/U- 
Verhaltnis von 2,00 bis 2,22 zwei Phasen, namlich 
UOz und UsO9-y existieren, wahrend tiber 940° C nur 
eine einzige Phase vorliegt. Zwischen 200 und 950° C 
gibt es einen breiten Bereich von UOe+; zwischen 
einem O/U-Verhaltnis von 2,000 und von 2,194. 
Ferner liegt bei 2,20 und 940°C, sowie 2,22 und 
Raumtemperatur bereits substéchiometrisches UsQOo 
vor. 


tivity measurements and their results suggested 
that a single phase was present in the neighbor- 
hood of 200°C from a composition of UOz.o0 
to UOz.10. Blackburn #), measuring oxygen dis- 
sociation pressures, extended Gronvold’s phase 
diagram to 1100°C and showed a range of 
single-phase Us,09 between UOe.25 and UOs.s7 
and two phases between UOe.3 and UOQOs2 5. 

In order to reconcile the differences among 
these studies and particularly those between the 
work of Gronvold and Willardson eé al., the 
author has reconstructed the UOz-U4Og9 portion 
of the uranium-oxygen system through direct 
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metallographic observation of the microstruc- 
ture of solid high density samples. By using 
quenched samples, the high-temperature struc- 
ture can be frozen and can then be examined at 
room temperature. Gronvold stated that the 
broad range of homogeneity of UOe+, did not 
appear on room-temperature X-ray diffraction 
patterns of rapidly-cooled samples; moreover, 
he stated that a danger exists in assuming that 
high-temperature phase relationships can be 
deduced from quenched samples. This present 
study, however, indicates that work with 
quenched samples can, indeed, be valuable. A 
broad range of homogeneity was found in 
samples quenched from high temperatures 
which agrees closely with the range established 
by Gronvold for O/U ratios below 2.20. A range 
of substoichiometric UsO9 above UOs.29 has also 
been established by this work. 


2. Experimental Procedure 


The specimens for this study, 0.1 x 0.6 x 3.8 
em (0.04 x 0.25 x 1.5 in.) platelets of UOz were 
fabricated by pressing and sintering commi- 
nuted UOz powder. Mallinckrodt Chemical 
Works PWR Grade powder was passed through 
a high-speed hammer mill (mikro-atomizer) to 
reduce the particle size to less than 8 microns in 
order to increase the sinterability of the material. 
The milled powder was granulated with one 
weight percent polyethylene glycol, pressed in 
a hardened steel die at a pressure of 30 tons per 
square inch, and sintered to an average density 
of 98.7 °% theoretical in a hydrogen atmosphere 
for 160 hours at 1745-1800° C. The platelets 
were made thin in order to prevent samples from 
fracturing as a result of thermal shock during 
subsequent heating and quenching. A chemical 
analysis of the platelets is given in table 1. 

The microstructure of the sintered stoichio- 
metric UOz, shown in fig. 1, displays an average 
grain size of 60 mw. Because difficulty was 
encountered in resolving the microstructure of 
precipitate formed in grains smaller than 20 w, 
these larger grains were desirable. 

To obtain the range of compositions required 
for this test, the UOz platelets were oxidized in 
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TABLE 1 


Analysis of sintered platelet 


U(VI) 0.4-0.5 wt%* || Fe 12 ppm 
Total U 88.2 wt%**|| Mg 20 ppm 
Al 8 ppm Mo 5 ppm 
C 90 ppm* Ni 5 ppm 
Ca 7 ppm Si 145 ppm 
Cr 5 ppm Ti 10 ppm 
Cu 5 ppm 


* Polarographic analysis. 


Chemical analysis—other spectrographic 
analyses. 


*K 


Fig. 1. of 


Photomicrograph of UOs2.000, 
theoretical density. etched. x 260 


98.7 % 


high-temperature steam to various O/U ratios 
between UOz.o0g and UO2.21s. The platelets were 
set on an alumina boat in a globar furnace and 
heated in argon; preheated steam was admitted 
between 550 and 1500° C to produce the desired 
amount of oxidation. Special difficulties were 
encountered in producing O/U ratios in excess 
of 2.195. To obtain compositions to UOe.25, it 
was necessary to introduce pure oxygen with 
the steam. Because minor temperature devi- 
ations resulted in a wide variation of resultant 
O/U ratios, the oxidation in this range was 
difficult to control. All samples were subse- 
quently equilibrated by being annealed in 
helium-filled bulbs. 

The composition of oxidized UOz samples 
was determined by weight gain on the assump- 
tion that the starting material was UOz2.o00. The 
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O/U ratio was also calculated from a polaro- 
graphic analysis >) of percent U+* present in one 
platelet from each oxidation run to confirm the 
gravimetric determinations. The results of the 
two metheds agreed to within + 0.01 units of 
the O/U ratio. However, the values obtained 
from the gravimetric determination of the O/U 
ratios were used to construct the phase diagram. 

To determine the phases present along any 
one isopleth, a platelet oxidized to a particular 
O/U ratio was first broken into eight approxi- 
mately equal sections and sealed in Vycor or 
quartz bulbs for subsequent heating and 
quenching. Vycor was used for heat treatments 
below 1000° C, while fused quartz was used for 
treatments between 1000 and 1200°C. The 
bulbs were filled with helium to provide an inert 
atmosphere and to maintain a high rate of heat 
transfer. 

Heat treatment to determine the phases 
present at descending temperatures was per- 
formed by first annealing at 900° C or 1200° C 
for a minimum of 48 hours. The annealing 
temperature depended upon composition and 
was selected, using Gronvold’s phase diagram !) 
as a guide, to ensure that the sample was 
maintained in a single-phase region. The entire 
set of bulbs was then slowly cooled to a temper- 
ature slightly above the previously-determined 
temperature of oxygen solubility. At this 
temperature a single bulb was quenched into 
water. After the furnace temperature was 
lowered an additional 10 or 20° C and held for 
a mininum of two hours another bulb was 
quenched. This procedure was repeated until 
all bulbs were quenched. In cases where the 
approximate temperature of precipitation was 
in doubt for a particular composition, the 
intervals were widened to 50 or 100°C to 
establish the range of two-phase formation prior 
to running a closer determination. 

The bulbs were either quenched in water and 
allowed to cool by conduction through the walls 
of the bulb, or, for a more drastic quench, the 
bulbs were broken upon immersion in the water, 
thus allowing the water to contact the sample 
directly. Because the latter method produced a 
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Fig. 2. Photomicrograph of UO2z.006 slowly cooled 
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after annealing at 900°C. etched. x 370 
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Fig. 6. Photomicrograph of UO2.146 slowly cooled 
after annealing at 900° C. etched. x 370 


Fig. 5. Photomicrograph of UOs.07s slowly cooled Fig. 7. Photomicrograph of UO2e.176 slowly cooled 
after annealing at 900°C. etched. x 370 after annealing at 900°C. etched. x 370 
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more rapid cooling, precipitation during cooling 
was retarded to a greater degree. This method 
of quenching was especially necessary at higher 
O/U ratios where the second phase precipitated 
from solution even with rapid cooling. 

The samples were prepared for metallo- 
graphic observation by mounting them in an 
amber epoxy plastic which hardened at room 
temperature and was cured at 60°C for two 
hours. The initial rough polishing was done wet 
on 240-, 400-, and 600-grit silicon carbide 
polishing paper and was followed by lapping 
with 3u and then 6u diamond dust. Final 
polishing was done with gamal alumina, a fine 
alumina polishing grit. To expose the grain 
boundaries of the phases, etching was performed 
with a 10:1 solution of HzO and H2SOQOu.. 


3. Analysis of Results 


3.1. CONSTRUCTION OF THE PHASE DIAGRAM 


Metallographic examination revealed that a 
second phase precipitated in samples of certain 
O/U ratios slowly cooled from high tempera- 
tures. It was also observed that a single-phase 
structure could be obtained by quenching 
samples of nonstoichiometric UOz from high 
temperatures. These facts were used to construct 
the UO2-U409 phase diagram. 

To determine the equilibrium microstructure 
at room temperature of samples of various O/U 
ratios, samples were slowly cooled after being 
annealed at 900° C. Microstructures of compo- 
sitions between UOs.096 to UOes.176 are shown in 
fig. 2 through fig. 7. At the lower oxygen 
contents, a fine acicular structure of U,O9 can 
be noted. As the O/U ratio increases, in turn, the 
U4Op9 forms crosses and interconnects until it 
encircles the UOz and forms islands of UOz in a 
matrix of U,Ob. 

Samples slowly cooled from high temperatures 
to successively descending temperatures and 
quenched at these successive temperatures, 
showed the formation of another phase at one 
particular temperature. Figs. 8 through 18 are 
typical examples of such isoplethal examinations 
of UOs,009, UOs.021, UOe.122, and UO2.176, 
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respectively. For example, fig. 8 illustrates a 
sample of UOz.009 quenched from 360° C after 
annealing at 900° C for 48 hours, and displays a 
structure identical with sintered UO2.o00; fig. 9, 
a sample of the same composition quenched 
from 350°C, shows precipitation of acicular 
and massive U4Og9. Consequently, the boundary 
between UOce,, and Us09+U0Oe,, for this 
composition lies between 360 and 350° C. The 
isopleth of UOsz o21 is illustrated in figs. 10 and 11, 
with precipitation occurring between 420 and 
410°C. 

The shape of the precipitate and the mode of 


annealed at 

900° C, slowly cooled to 360°C, and quenched by 

breaking bulb containing sample water. 
etched. x 260 


under 


Fig. 9. Photomicrograph of UOe.009 annealed at 
900° C, slowly cooled to 350°C and quenched by 
breaking bulb containing sample 
etched. x 260 


under water. 
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Fig. 10. Photomicrograph of sample of UO2.021 Fig. 13. Photomicrograph of UOz2.122, annealed at 900°C, 
annealed at 900°C, slowly cooled to 420°C and _ slowly cooled to 550°C and quenched by breaking 
quenched in water without breaking bulb. etched. x 260 bulb containing sample under water. etched. x 260 


Fig. 14. 
annealed at 900°C, slowly cooled to 410°C and annealed at 1200°C, slowly cooled to 865°C and 
quenched in water without breaking bulb. etched. x 260 quenched. etched. x 260 
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Hig. 15. Photomicrograph of sample of UOd2e.176 
slowly cooled to 650°C and quenched by breaking annealed at 1200°C, slowly cooled to 845°C and 
bulb containing sample under water. etched. x 260 quenched. etched. x 260 


of UQOs2.176, 
annealed at 1200°C, slowly cooled to 690°C and 
quenched. etched. x 260 


annealed at 1200°C, slowly cooled to 590°C and 


quenched. etched. x 260 


p> io i , Y 5 
Fig. 18. Photomicrograph of sample of UOs.176, 
annealed at 1200°C, slowly cooled to 490°C and 
quenched. etched. x 260 
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its formation depends upon its history of 
thermal treatment. UsO9 apparently has a 
tendency to nucleate and grow at grain bounda- 
ries and a lesser tendency to grow inward into 
the grain in the form of a platelet. A comparison 
of fig. 11, a sample of UO2.921 quenched from 
410° C, and fig. 3, a sample allowed to cool slowly 
to room temperature from 900° C, shows that 
by annealing UOz;, isothermally below the 
temperature of oxygen solubility rather than 
allowing it to cool slowly through the two-phase 
region, U,Og precipitates in bulk form primarily 
at the grain boundaries. A void is formed at the 
grain boundary of the parent UOe:, and the 
precipitated UsO9 phase which results from the 
conversion of UOs+;z, to higher density UsOs. 
These voids are visible as the dark regions 
associated with the precipitates in fig. 11. 
However, as the U40» grows into the grain, no 
void forms and it is presumed that the inter- 
granular precipitate remains under stress. Sub- 
cequenily, upon cooling of the sample of 
UOz.021 to room temperature after annealing at 
410° C, precipitation occurs within the grain in 
the form of a Widmanstatten structure of fine 
needles. These needle3, similar to those found 
in samples annealed above the oxygen solubility 
temperature and slowly cooled, are actually the 
cross section of thin platelets which have inter- 
sected the polished surface of the sample. A 
number of grains in samples of compositions 
from UOs.00g to UOec.921 were examined to 
determine the orientation of the precipitated 
phase. In most grains, the needles were aligned 
in four directions, but in a few cases only three 
directions were noted. These observations 
indicate that the U,Og platelets precipitate on 
planes parallel to the |111| planes of the parent 
UO2+< phase. These results are in agreement 
with work done by Tuxworth and Evans °) on 
a sample of fused UOs.os. 

Figs. 12 and 13, two samples of UOs.192, show 
the typical microstructure formed at higher 
oxygen concentrations. The needles in fig. 13, 
a sample quenched from 550° C, appear to be less 
symmetrically oriented than in the sample of 
UOs.021 in fig. 3, apparently due to coalescence 
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of the UsOy as it grows from the parent UO2+,. 
The network of U4Og increases in size as the 
solubility decreases with descending temper- 
atures. 

At O/U ratios lower than 2.12, precipitation 
of massive U,Og occurred at the sample grain 
boundaries and by precipitation of needles 
within the grains (fig. 11). However, if the 
quench rate was not sufficiently rapid to retard 
all precipitation during cooling from the quench 
- temperature to room temperature, some con- 
fusion resulted because, upon cooling, a finely- 
dotted structure appeared in the UO2 matrix, 
fig. 10. Examination of these dots under an 
electron microscope revealed that each dot had 
a diamond shape under a superimposed cross, 
fig. 19. Apparently, this structure is the nucleus 
from which needles would grow if the sample 
were allowed to cool at a slower rate through 
the two-phase region, fig. 20. 

The interpretation of quenched samples with 
O/U ratios over 2.16 becomes increasingly 
difficult because even the most rapid quenching 
rate is not sufficient to retain the oxygen in 
solution. To some extent, the resultant precipi- 
tation masked the structure formed at the 
quench temperature. The series of UQOz.176 
samples shown in figs. 14-18 illustrate the 
precipitation cf UsO,9 from samples quenched 
without breaking the bulb. Therefore this 


Fig. 19. Electron photomicrograph of direct carbon 

replica of polished and etched UOse.057. Replica has 

negative shadow. Sample was annealed at 900° C. 
x 8500. 


hig er 


permits the precipitation to take place in the 
UOsz+, phase during cooling which causes the 


Fig. 20. Electron photomicrograph of direct carbon 
replica of polished and etched sample of UOs2.057. 
Replica has negative shadow. Sample was annealed 
at 900°C, slowly cooled to room temperature. < 13000. 
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Fig. 21. UOxz-UsO9 phase diagram. 
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white U,O»9 phase to stand out against the dark 
pattern of a mixture of UOe;, and UsOo. The 
solubility of oxygen decreases slowly from 850 
to 550° C as noted by the relatively small increase 
in U4Og over this temperature range and then 
decreases rapidly at 490°C as noted by the 
large increase in the amount of UO». 

The data obtained by examining the micro- 
structure of quenched samples over a range of 
compositions between an O/U ratio of 2.008 
and 2.248 are plotted in fig. 21. The diagram 
illustrates the transition from a single-phase to 
a two-phase structure to a composition of 
UOz.194 as the temperature is reduced. This 
portion of the phase diagram corresponds 
closely to that of Gronvold 1). However, the 
revision proposed by Willardson et al.2) suggest- 
ing that the UO2+, region at 180° C be extended 
to UO219 does not appear to be warranted in 
view of the evidence presented here. 

The significant area in which this diagram 
differs from the others mentioned is that a 
single-phase region was found at O/U ratios 
above 2.194 at 940° C and above 2.22 at room 
temperature. Gronvold 1) had indicated that a 
single-phase region of substoichiometric UO» 
(UsO9-y) existed but only for a much more 
limited range of compositions and at temper- 
atures over 400° C. The homogeneity range found 
here is also in disagreement with the results 
from the oxygen pressure measurements of 
Blackburn *) which show a two-phase region 
between compositions of UO2.29 and UOs.23 at 
1000° C. However, Aronson and Belle 7), utiliz- 
ing an electrochemical technique to study the 
oxygen-uranium system, found a phase bounda- 
ry between UOe;, and UsOo at 940°C at a 
composition of UOz_.29; this observation supports 
the results found by the author. 

Because of the difficulty encountered in 
preparing solid platelets between O/U ratios of 
2.20 to 2.25, only sparse data are available in 
this region of the phase diagram, and no data 
are presented for compositions in excess of 
UOd. 248. 

Thus, the phase diagram proposed in fig. 21 
indicates the formation of a solution of oxygen 
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in UO: stable above 940° C to a composition of 
at least UOs.2,5 which decomposes at lower 
temperatures into a stoichiometric UO, phase 
and a substoichiometric UsO9-, phase. 

The single-phase microstructure of UsO» 
(shown in fig. 22) is from a sample of UOs.248 
which was slowly cooled. A closer examination 
of fig. 22 shows that some of the grain boundaries 
appear as dotted lines rather than solid lines, as 
shown in fig. 1 for a sample of UOz.o00. Exami- 
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Fig. 22. Photomicrograph of a sample of UOs2.248 


annealed at 1200° C for 48 hours and slowly cooled. 
etched. x 260 


Fig. 23. Electron photomicrograph of direct carbon 
replica of fractured sample of UOs.229. The replica 
has a positive shadow. x 3800. 
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nation of a fractured surface at high magnifi- 
cations by the use of electron microscope 
techniques revealed that these dots were small 
pores distributed along the grain boundaries. 
Fig. 23, an electron photomicrograph of a 
sample of UOsz.22.9 broken so that the fracture 


_ occurred along the grain boundaries, shows that 


the grain boundaries are covered uniformly with 
fine pores. In addition, these pores appear to be 
preferentially oriented and have a geometric 
symmetry similar to the pores found by 
Padden 8) in dense, sintered UOz bodies. Identi- 
fication of this structure as porosity rather than 
precipitate was accomplished by making a 
carbon replica of the fractured sample and 
observing the shadows formed by vapor- 
deposited uranium. The origin of these pores is 
not clear although they may form as the UOe1. 
transforms to U4O 9. This transformation, as 
mentioned previously, is associated with a 
volume increase which produces a gap between 
the UsO9 and the grain boundary. 


3.2. 


Phase identification was made and lattice 
parameters were measured, using Cu K, radi- 
ation, by reflection from the surface of the 
polished samples. The two phases present 
between compositions of UOz.25 and UO2 were 
identified as being of cubic structure. The 
presence of a second cubic phase in slowly- 
cooled samples was not detected with X-rays 
until a composition of UOs.021 was reached, 
although metallographically a second phase was 
observed with compositions as low as UOs.o95. 

Since it was possible to obtain the UQo+z 
phase at room temperature by quenching, for a 
wide range of oxygen concentrations, X-ray 
measurement could be used to determine the 
dependence of the lattice parameter on oxygen 
content. A series of samples covering a repre- 
sentative range of O/U ratios were prepared, 
annealed at 900° C, and quenched by breaking 
the bulbs under water to retard precipitation. 
The lattice parameters were then measured on 
the resultant single-phase UOz2,, structures. 
These parameters are plotted in fig. 24 as a 
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Fig. 24. Lattice constants of the UOz+z phase at 
different O/U ratios. Samples annealed at 900° C for 
67 hours and quenched to room temperature. 


function of O/U ratio and show a decrease in 
lattice size with an increase in oxygen content. 
The lattice constants for U4Ob9, given in table 2, 
verify the presence of substoichiometric UsQg. 
A single phase was detected between UOz.208 
and UOs.24s with a lattice contraction produced 
by increased oxygen content. 

The hardness of annealed and quenched 
samples of UO2+,z (single-phase) was measured 
using a Knoop diamond indentor with a load 
of 500 grams. Fifteen hardness impressions were 
made in the polished surface of each sample, 
and the average hardness was plotted versus 


TABLE 2 
Lattice constants of the UsO»9 phase 


O/U 
; ag (A) Thermal treatment 
ratio 

2.208 | 5.454 + 0.002 | Annealed at 1200° C for 64h 

2.248 | 5.437 + 0.002 | and quenched. 

2.208 | 5.447 + 0.005 | Annealed at 1200° C for 64h, 
slowly cooled to 600° C, held 
for 24 h and quenched. 

2.248 | 5.441 + 0.005 | Annealed at 1200° C for 64h, 
slowly cooled to 600° C, held 
for 2 h and quenched. 

2.229 | 5.443 + 0.002 | Annealed at 1200° C for 48 h 

2.248 | 5.441 + 0.002 | and slowly cooled. 
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Fig. 25. Effect of oxygen content on hardness of 

UOe+2 solid solution. Samples annealed at 900° C 

for 67 hours and quenched to room temperature. 
Knoop diamond indentor, 500 g load. 


composition, fig. 25. Evidently, only a small 
amount of excess oxygen results in a large 
increase in the hardness of the UOoe.,. 


4. Conclusions 


In summary, the phase diagram constructed 
using the data from metallographic examination 
of annealed and quenched samples establishes 
the following four points: 

1) Two phases, UOz and U409-y, are present 
at room temperature between O/U ratios of 
2.00 and 2.22. 

2) At temperatures over 940° C only a single 
phase exists. 
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3) A broad range of UO2+,7 is present between 
O/U ratios of 2.00 and 2.194 at temperatures 
between 200 and 940°C. 

4) A range of substoichiometric U10g 
(U,09_,) extends from an O/U ratio Ot 22250 
ratio of 2.20 at 940° C and to 2.22 at room temp- 
erature. The region above UsOy was not studied. 
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The lattice spacing/composition curve for the thorium- 
lanthanum alloy system has been investigated, for 
comparison with previous work on the thorium-cerium 
system. The stringent precautions necessary to mini- 
mise contamination (principally by nitrogen) are 
outlined. The results indicate that face-centred cubic 
thorium and lanthanum form a complete series of 
solid solutions; the experimentally determined lattice 
spacings lie on a smooth and continuous curve, except 
for a narrow range of composition from about 52 to 
60 at % lanthanum, in which erratic results may be 
obtained. The reason for the scatter at these compo- 
sitions is thought to lie in an enhanced solubility of 
nitrogen in the alloys. 

The lattice spacing curve obtained is not of the same 
form as that for the thorium-cerium alloys, and the 
reason for this is discussed in terms of the relative 
ease with which cerium may change its effective 
valency in solid solution. 


La courbe de variation du paramétre en fonction de 
la composition dans le systéme Th-La a été déterminée 
pour comparer avec le travail précédent effectué sur le 
systéme Th-Ce. Les précautions rigoureuses néces- 
saires pour minimiser la contamination (principalement 
par l’azote) sont soulignées. Les résultats indiquent 
que le thorium et le lanthane cubique a faces centrées 
forment une série continue de solutions solides. Les 
paramétres déterminés expérimentalement se placent 
sur une courbe réguliére et continue, sauf pour un 
domaine étroit de composition compris entre 52 & 


1. Introduction 

As part of a programme for the investigation 
of the alloying properties of the heavy metals, 
the lattice spacings in the system thorium- 
lanthanum have been examined, for comparison 
with previous work dealing with the thorium- 
cerium alloys. According to the work of Weiner, 
Freeth and Raynor!) and of Van Vucht 2), 
there is a very marked deviation from Vegard’s 


60 at % de lanthane dans lequel des résultats errati- 
ques sont obtenus. La raison de cette dispersion de 
résultats est estimée due & une solubilité accrue de 
Vazote dans ces alliages. 

La courbe des paramétres n’est pas de la méme 
forme que celle des alliages thorium-cérium. La raison 
de ceci est discutée en prenant comme argument la 
facilité relative avec laquelle le cerium peut modifier 
sa valence réelle en solution solide. 


Der Zusammenhang zwischen dem Gitterparameter 
und der Konzentration von Thorium-Lanthan-Legie- 
rungen wurde untersucht, um Vergleiche mit friuheren 
Arbeiten tiber Thorium-Cer anzustellen. Es werden die 
erheblichen Vorsichtsmassnahmen zur Vermeidung 
von Verunreinigungen (insbesondere durch Stickstoff) 
herausgestellt. Die Ergebnisse zeigen, dass das kubisch 
flachenzentrierte Thorium und Lanthan eine durch- 
gehende Mischkristallreihe bilden; dabei liegen die 
ermittelten Gitterparameter auf einer glatten, stetigen 
Kurve mit Ausnahme des Bereichs von 52 bis 60 At % 
Lanthan, wo die experimentell bestimmten Werte 
vermutlich nicht stimmen. Der Grund fiir die Streuung 
in diesem Bereich wird in der erhdhten Stickstoff- 
léslichkeit in diesen Legierungen gesucht. 

Die Gitterparameter-Kurve hat eine andere Gestalt 
als die von Thorium-Cer-Legierungen, was als Folge 
der verhaltnismassig grossen Bereitschaft von’ Cer 
diskutiert wird, in Mischkristallen seine Valenz zu 
andern. 


Law in spite of the formation of a complete 
series of solid solutions (fig. 1). This was 
attributed to a contraction of the cerium atoms 
in solid solution, due to a transition of the 4f 
electron into a 5d orbital, and made possible 
by the strain energy consequent on the substi- 
tution of cerium for thorium on the lattice of 
the latter. It is known that a considerably 
contracted form of cerium may be produced by 
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Fig. 1. Lattice spacings in the system thorium-cerium. 
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the application of high pressures *). Lanthanum 
is physically and chemically very similar to 
cerium; although it also suffers a transformation 
on the application of sufficient pressure 4), the 
pressure required is considerably greater than 
for cerium. There is therefore less likelihood of 
any effect analogous to the electronic transfor- 
mation responsible for anomalies in the thorium- 
cerium system being observed in thorium- 
lanthanum alloys, and the present work was 
undertaken to investigate this point. 


2. Materials and Methods 


Alloys were prepared from the following 
materials : 

(i) Iodide thorium, for which a typical 
analysis shows 0.02 wt % carbon, less than 
0.1 wt % of metallic impurities, 0.01 wt % 
nitrogen and 0.01 wt % oxygen. 

(ii) Electrolytic thorium, which was 99.5 
wt % pure, the main impurity being oxygen, 
together with 0.015 wt % nitrogen and 0.02 
wt % calcium. The major proportion of the 
latter impurity would be expected to volatilise 
during alloy preparation. 
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(iii) Sintered bar thorium, of purity stated 
to be slightly lower than the electrolytic 
material. 

(iv) Lanthanum, prepared by the reduction 
of spectroscopically standardized oxide, contain- 
ing negligible amounts of metallic impurity 
except for 0.001 wt % iron. 

The lanthanum metal was obtained from 
Messrs. Johnson Matthey and Company Limited, 
and the three grades of thorium were kindly 
presented by the Atomic Energy Research 
Establishment, Harwell. 

All alloys were prepared in a non-consumable 
electrode arc-furnace, previously evacuated 
through a diffusion/rotary pump combination 
to below 10-5 mm Hg. Specimens were melted 
in an atmosphere of approximately 15 cm of 
argon, which was purified prior to striking the 
arc on the alloy by melting a zirconium button 
and maintaining it molten for 5 minutes. The 
weight loss observed was very small, and since 
check chemical analyses showed only slight 
deviations from the intended compositions, 
these were taken in general as satisfactory for 
use. In general, alloys containing high pro- 
portions of lanthanum were made first, and, 
after examination, diluted with thorium; pre- 
cautions were taken to guard against excessive 
increase of impurity levels and cumulative errors 
in composition. 

Homogenization was carried out for 14 to 21 
days at 1000° C (thorium-rich alloys) to 700° C 
(lanthanum-rich alloys); the specimens were 
wrapped in degassed tantalum sheet after heavy 
cold deformation, and sealed two or three at a 
time in silica tubes, degassed and evacuated to 
2x10-6 mm Hg. This procedure was adopted 
so that, if accidental contamination had occurred 
during annealing, the effects would not be 
confined to a single alloy and would thus be 
more readily recognised. After homogenization, 
annealing was continued for several days at 
675° C in the case of the alloys studied after 
preliminary work had been completed. 

The techniques adopted for preparing, anneal- 
ing and exposing filings of the alloys were 
dictated by prior and concurrent work 5) on 
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the lattice spacings of pure thorium, which 
showed that great care was necessary to avoid 
contact with air at all stages in the preparation 
-and treatment of filings if abnormally high 
lattice spacings were to be avoided. As a result 
of the investigation of thorium, the technique 
initially adopted for thorium-lanthanum alloys 
was modified in the later stages of the work 
reported in this paper, and reference is made 
to this factor in describing experimental results. 
Most of the results reported were, however, 
obtained with a standard technique found 
suitable for thorium, which is fully described 
by Evans and Raynor 5). Briefly, filings pre- 
_ pared under carbon tetrachloride were trans- 
ferred before drying to a tantalum tray which 
had been outgassed at 950° to 1000°C, and 
which was then sealed by folding. The boat and 
contents were transferred to an _ outgassed 
annealing furnace tube capable of continuous 
evacuation, and the excess tetrachloride was 
evaporated. The heat-treatment then followed, 
the rate of heating to the annealing temperature 
being controlled to prevent any rise of pressure 
above 510-5 mm Hg. Thereafter the vacuum 
in the system improved to 5 x 10-§ mm Hg over 
20 to 30 minutes, reaching, if the heat-treatment 
was prolonged, 210-6 mm after 60 minutes. 
At the end of such treatments, filings were 
rapidly cooled by removing the furnace, and 
immediately made up into Debye-Scherrer 
specimens. In the earlier stages of the work the 
filings were placed in outgassed silica capillaries 
(0.35 to 0.56 mm bore), which were evacuated 
to 10-1 mm Hg and sealed; it was later found 
that improved diffraction patterns were ob- 
tained from filings coated on to a greased silica 
rod. 

X-ray diffraction patterns were obtained at 
room temperature using a Philips Debye- 
Scherrer camera of radius 11.483 cm, in which 
specimens were exposed to copper K, radiation 
(A,, = 1.537 395 kX; 2,,=1.541 232 kX). Satis- 
factory high angle diffractions were observed, 
and systematic errors were eliminated by the 
use of the Nelson-Riley extrapolation function °). 
Correction was also made for refraction by the 
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method of Wilson’). It is estimated that the 
accuracy obtained was + 0.0001 to 0.0002 kX 
for thorium-rich alloys, and + 0.0003 to 0.0005 
for lanthanum-rich alloys, for which the quality 
of the films deteriorated slightly. 

Several alloys were in addition examined 
metallographically, using conventional methods. 


3. Lattice Spacings of the Pure Metals 


In the course of the work, lattice spacing 
values were obtained for the various samples of 
pure metals used, taking all the precautions 
to avoid contamination during preparation 
or heat-treatment described by Evans and 
Raynor >). For thorium (face-centred cubic 
below approximately 1400°C), annealed as 
filings for one hour at 675°C, the values 
obtained were: 


(i) Iodide thorium: 5.0741 + 0.0002 kX 
(ii) Sintered bar thorium: 5.0777 + 0.0002 kX 
5.0778 + 0.0001 kX. 


(iii) Electrolytic thorium: 


The electrolytic and sintered bar material have 
the same lattice spacing, within the limits of 
experimental error. 

Lanthanum exists in at least three forms. 
The close-packed hexagonal « form which is 
stable at room temperature was found by 
Spedding and co-workers 8) to be characterized 
by the packing sequence of close-packed 
hexagonal planes ABAC rather than ABAB, so 
that the lattice spacmgs may be written 
@=3.762 + 0,002 kX, c=—12,134-+ 0.008 bX 
with c/a= 3.2252 8). At a transformation temper- 
ature of 340° C 9), face-centred cubic f-lantha- 
num is formed, with a lattice spacing given as 
approximately 5.31 kX by Spedding and co- 
workers 8), At 870° C a further transformation 
occurs, to give a y-form of unknown crystal 
structure. 

In the present work, filings of lanthanum 
were annealed at a temperature of 675° C and 
rapidly cooled. This treatment sufficed to main- 
tain the (-form free from admixture with 
x-lanthanum. The lattice spacing obtained for 
filings prepared under carbon tetrachloride and 
annealed in a closed tantalum boat was 
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5.2951 -+ 0.0005 kX. It was possible, however, 
to obtain for filings made in air and annealed 
under less stringent conditions, lattice spacing 
values as high as 5.2965 kX. Traces of a second 
face-centred cubic diffraction pattern, identified 
as due to lanthanum nitride, were present on all 
films, suggesting the material as supplied to be 
saturated with nitrogen. 


4. Thorium-Lanthanum Alloys 


Above 340° C, both thorium and lanthanum 
have face-centred cubic structures, and since 
their atomic diameters differ only by 4 %, 
complete solid solution formation would be 
expected; this is confirmed by the work of 
Peterson and Mickelson 1°), 

(i) Preliminary experiments. — 
alloys covering the whole range of compositions 
were prepared using electrolytic thorium, and 
lattice spacings were determined from filings 
which had been prepared in air, and annealed for 
the relief of strain in open molybdenum boats. 
These lattice spacings are plotted in fig. 5 as 
black triangles, and are consistent with the 
existence of an extensive solid solution of 
lanthanum in thorium from 0 to 50 at % 
lanthanum, and a solid solution of thorium in 
lanthanum from 60 to 100 at % lanthanum. A 
somewhat unexpected scatter of results in the 
range 50 to 60 at % lanthanum, however, made 
interpretation uncertain in this region, though 
no diffraction patterns corresponding to the 
coexistence of two saturated phases were 
obtained. This survey was completed before the 
critical examination by Evans and Raynor 5) 
of the correlation between contamination and 
the variability of the lattice spacing of thorium, 
so that the whole range of alloys was re- 
examined in the light of this correlation. 

(ii) Final Results. — According to the work 
of Evans and Raynor 5), thorium filings pre- 
pared in air and annealed in open boats were 
characterized by lattice spacings in the range 
5.078 to 5.082 kX, the higher spacings corre- 
sponding to the higher annealing temperatures. 
Reasons were given for attributing this effect 
to contamination due to nitrogen, by adsorption 
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during filing and subsequent diffusion during 
annealing, and by pick-up from the furnace 
atmosphere. Preparation of filings under carbon 
tetrachloride and annealing in closed tantalum 
boats effectively minimised contamination, and 
reproducible results for the lattice spacing of 
thorium, as given in Section 3, were obtained 
except after unnecessarily long heat-treatments 
at temperatures exceeding about 750°C. To 
obtain similar information for the thorium- 
lanthanum alloys, a specimen containing 54.1 
at % lanthanum was examined in some detail. 
The spacings obtained after filing in air and 
annealing in open boats are summarized, in 
terms of time and temperature of annealing, 
in fig. 2. The results are practically independent 
of time, but increase with increasing temperature 
up to 820°C; the scatter at 820° is probably 
due to relatively large changes, with temper- 
ature, in the solubility of some contaminant in 
this region, as suggested in fig. 3. The results 
for filings made out of contact with air, and 
annealed in closed boats, were again independent 
of time of annealing, but varied slightly with 
temperature, as shown in fig. 3. By analogy 
with the similar results obtained for pure 
thorium the broken line in fig. 3 corresponds 
with the saturation of the alloy with nitrogen, 
which appears to reach a maximum at 825° C. 
Fig. 3 also indicates that heat-treatment in 
open boats leads to contamination, in excess 
of that produced by nitrogen, possibly due to 
carbon or silicon. 

A dependence of lattice spacing on annealing 
temperature, similar to that for the 54.1 at % 
lanthanum alloy, was observed for all the alloys 
used in the present work; in general, filings 
prepared in air and annealed in open boats had 
lattice spacings approximately 0.0015 kX larger 
than corresponding filings made under carbon 
tetrachloride and annealed in closed boats. For 
this reason the latter technique was adopted 
throughout the remainder of the work, and a 
standard annealing temperature of 675° C was 
chosen for strain relief. 

Of the alloys examined, several were made 
from sintered bar and electrolytic thorium, 
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which correspond to lattice spacings higher than 
that of iodide thorium by 0.0036 kX. As shown 
in fig. 4a, the lattice spacings obtained for such 
alloys are slightly but systematically higher 
than those obtained for alloys made from iodide 
thorium under exactly the same conditions. It 
was, therefore, considered justifiable to correct 
the spacings of the alloys which contained 
sintered bar or electrolytic thorium by the 
subtraction of 0.000036 kX per atomic % 


5.200 


5.195 
AX 
5.190 
10) 
HOURS 
Fig. 2. Lattice spacings of an alloy containing 


54.1 at % lanthanum, as a function of time and 
temperature of annealing of filmgs prepared in air 
and annealed in open boats. 


A Filings annealed at 520° C 
© Filings annealed at 620° C 
A Filings annealed at 720° C 
@ Filings annealed at 820°C. 
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Fig. 3. Lattice spacings of an alloy containing 
54.1 at % lanthanum, as a function of annealing 
temperature. 

@ Filings prepared in air and annealed in open boats 
© Filings prepared under carbon tetrachloride and 

annealed in sealed boats. 
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Fig. 4. Lattice spacings of alloys prepared from 

sintered bar and electrolytic thorium compared with 

those of alloys prepared from iodide thorium; (a) before 
correction, (b) after correction. 
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@ Alloys prepared from iodide thorium. 
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Fig. 5. Lattice spacing/ecomposition relationships in 
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thorium to obtain values strictly comparable 
with those for alloys containing iodide thorium. 
When this is done, (figs. 4b and 5), all the 
results obtained under stringent standard 
conditions (i.e. excluding the preliminary results) 
fall on a smooth curve, with the exception of 
those in the region of 50 to 60 at % lanthanum, 
which are referred to below. 

The lattice spacing values obtained are 
summarized in Appendix I. No correction has 
been applied to the results for preliminary alloys, 
which are included for completeness, since the 
conditions under which they were obtained 
were not strictly comparable with those for the 
later work. 


5. Discussion 

Neglecting for the moment the results for 
the alloys containing 54.1 and 54.5 at % lantha- 
num, and the preliminary result at 58.8 at % 
lanthanum, the points fall on a smooth and 
continuous curve consistent with the existence 
of a complete series of solid solutions between 
the face-centred cubic forms of the two metals. 
This conclusion is supported by the results of 
metallographic work; all alloys examined were 
single phase. Of particular interest is the 
absence of any anomalously low region of 
lattice spacings between 0 and approximately 
30 at % solute, as was observed for the thorium- 
cerium alloys. Lanthanum is predominantly 
3-valent in its general chemistry and can only 
be transformed to a contracted form under 
extremely high pressures. Cerium on the other 
hand exhibits chemical valencies of both 3 
and 4, and may comparatively easily be trans- 
formed to a contracted form, presumably by 
transfer of its 4f electron into a 5d orbital to 
give tetravalancy, by the application of pressure 
or by cooling to a low temperature. The absence 
of any marked anomaly in the lattice spacing/ 
composition curve for thorium-lanthanum alloys 
therefore adds weight to the suggestion !) that 
in thorium-cerium alloys this valency change 
is induced in a proportion of the cerium atoms 
present, possibly by the strain energy consequent 
upon the introduction of the larger cerium 
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atoms into the thorium lattice. The work of 
Bates and Newman 11) on the magnetic suscepti- 
bilities of thorium-cerium alloys provides further 
evidence for promotion of the 4f electron of 
cerium to the conduction band. 

The deviations of the lattice spacing curve 
from a straight line joining the spacings of 
thorium and lanthanum are comparatively 
small. The positive deviation from approxi- 
mately 80 at 9% lanthanum to pure lanthanum 
may be interpreted as due to the solution of 
4-valent thorium in 3-valent lanthanum; such 
positive deviations are common where the 
valency of the solute element exceeds that of 
the solvent 1%). Conversely the negative devi- 
ation at the thorium-rich end of the system 
may be due to the same factor, with the valency 
of the solvent exceeding that of the solute. It 
should, be noted that, for compositions exceeding 
about 40 at % lanthanum, the diffraction 
patterns from filings annealed in open boats 
contained lines due to thorium nitride, and it 
is probable that the lanthanum contained 
sufficient nitrogen to saturate the alloys in this 
composition range. This is supported by the 
recognition of nitride lines in an alloy made from 
thorium of very low initial nitrogen content, 
and containing 65 at % lanthanum. Even under 
the strmgent conditions adopted to obtain the 
results summarized in fig. 5, therefore, it is 
probable that the curve is slightly affected by 
the presence of nitrogen. 

The possibility of saturation with nitrogen in 
the alloys richer in lanthanum may explain the 
anomalous region between 50 and 60 at % 
lanthanum. If in this region there is a marked 
increase in the solid solubility of nitrogen, such 
as may be caused by a widening of the homo- 
geneous solid solution area in the thorium- 
lanthanum-nitrogen system, the results obtained 
may be expected to be particularly sensitive to 
slight accidental variations in heat-treatment 
conditions. Thus the two high results at 
approximately 55 at % lanthanum probably 
represent somewhat more seriously contami- 
nated material, and the lower result at 56.4 
at % lanthanum, which was obtained under 
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stringent annealing conditions at a late stage 
in the investigation, is to be preferred. 

The preliminary results do not agree particu- 
larly closely with the final measured spacings 
up to 35 at % lanthanum. Since the vacuum 
conditions in the annealing work were less 
satisfactory in these early experiments, the lack 
of close agreement is probably to be attributed 
partly to nitrogen saturation of all the filings 
used in preliminary work f, and partly to 
contamination of the filngs by molybdenum 
from the boats originally used; the latter type 
of contamination may easily occur by volatili- 
zation of molybdenum oxide, which is subse- 
quently reduced by the thorium-rich filings. 

The evidence of the present work, therefore, 
is that thorium and lanthanum form a complete 
series of solid solutions, the lattice spacing/ 
composition curve for which is smooth and 
continuous. Owing to the very high reactivity 
of the alloys, the curve shown in fig. 5 may be 
slightly affected by the presence of traces of 
nitrogen, but the consistency and reproduci- 
bility of the final results suggests that such 
contamination has been reduced to a minimum, 
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+ This suggestion is supported by the observation 
that the high values of the lattice spacing of thorium 
obtained in the preliminary work may be reproduced 
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APPENDIX 1 


Lattice spacings, at 25° C, in the thorium-lanthanum 


system 
Eo alias yee a a) Boe 
< ee ta eat 
20 Boel 18) 5.0854 | 5.0819 
1p 10.6* | E 5.0952 — 
17 SO |) ab 5.0956 — Prep. from 18 
P38 16.0* | E 5.1070 — 
15 17.9 | I 5.1055 — Prep. from 19 
2 24.1 | E 5.1158 — 
24.3 | S.B. | 5.1210 | 5.1183 | Prep. from 2 
18 26.1 | I 5.1206 — 
P 5 30.4* | E 5.1295 — 
3 30.9 | S.B. | 5.1343 | 5.1318 | Prep. from 1 
9 35.1 | EB 5.1436 | 5.1413 | Prep. from 8 
P 6 33.7 | 5.1416 = 
19 39.2 | I 5.1490 = 
14 42.8 | I 5.1571 = Prep. from 12 
10 44.8* | I 5.1635 — 
46.9 | S.B. | 5.1725 | 5.1706 
1 48.0* | EK 5.1710 — 
8 49.9 | E 5.1774 | 5.1756 | Prep. from 7 
13 51.8 I 5.1772 — 
11 Doe orealadl 5.1778 — 
2 54.1 S.B. | 5.1928) | 6.1911 
12 54.5 | I 5.1930 = 
16 56.4 | I 5.1890 = 
7 58.1 | HE 5.1953 | 5.1938 
Pas 53.8 | E 5.1810 — 
iP @ 61.0 | E 5.1981 = 
5 62.7 | S.B. | 5.2047 | 5.2034 
4 64-0 5.2097 — 
1A 71.4* | E 5.2269 — 
Pali Seopa ek 5.2462 — 
P 12 89.8 E 5.2770 = 
P13 94.4 | BE 5.2884 a 
P14 O7.0* | EB 5.2917 — 
100 5.2951 — 
Notes: 
(i) The symbol P in column 1 indicates a prelimi- 
nary alloy. 


(ii) * denotes analysed composition in column 2. 

(iii) The symbols §8.B., E, and I in column 3 refer 
respectively to sintered bar, electrolytic and 
iodide thorium. 
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AlzO3 and ZrSiO« show little change in properties when 
exposed to 1018-1019 nvt of thermal neutrons. When, 
however, a source of fission fragments is provided in 
the form of a UOsz dispersant, the grain boundaries 
and the peaks of the X-ray diffraction profile dis- 
appear on irradiation. The crystal structure of UsQs 
is also destroyed when irradiated in-pile. AlzO3 was 
observed to increase about 30 % in volume concurrent 
with the destruction of its crystal lattice. Calculations 
indicate that only a small proportion of the atoms are 
displaced by the fission fragment through elastic 
collisions or other applicable mechanisms. It is 
suggested that the fission fragments act indirectly, 
through anisotropic effects which distort the lattice 
and render it unstable. There are apparently a number 
of materials that exhibit this property; this places a 
serious limitation on the materials suitable for use 
within the range of fission fragment recoil. In contrast 
to this behavior, a number of ceramic materials having 
a cubie crystal structure exhibit excellent stability 
in-pile. These materials include UOzg and UOz2 + ZrOs. 


AlsQz3 et ZrSiOu ne subissent qu’un faible changement 
de leurs propriétés aprés exposition a un flux de 
neutrons thermiques de 10!8-10!9 nvt. Mais si l’on 
ajoute une source de fragments de fission sous la 
forme d’UOz2 dispersé, les contours de grain et les 
pics des raies de diffraction aux R.X. disparaissent 
aprés irradiation. De méme la structure cristalline de 
U3Os est détruite par irradiation en pile. 

On a observé que AlzO3 augmente de volume 
d’environ 30% en méme temps que sa structure 
cristalline est détruite. Les calculs indiquent que seule 
une petite proportion des atomes est déplacée par les 
fragments de fission par collision élastique ou des 
autres mécanismes. On suggére que les fragments de 


1. Introduction 

The experience with bulk UO: as the blanket 
fuel material for the Shippingport Plant Reactor 
(PWR) has led to increased interest in the 


fission agissent indirectement par des effets aniso- 
tropiques qui déforment la maille et la rendent instable. 

Il y a apparemment un nombre considérable de 
matériaux qui présentent ce phénomeéne, ce qui limite 
sérieusement les matériaux susceptibles d’étre utilisés 
dans le domaine du recul des fragments de fission. 
En contraste avec ce comportement, certains maté- 
riaux céramiques de structure cristalline cubique 
montrent une tres bonne stabilité en pile. Parmi ces 
derniers, on cite en particulier UOz et UO2 + ZrOs. 


Die Higenschaften von AlzO3 und ZrSiO4 werden bei 
Bestrahlung mit thermischen Neutronen von 1018-1019 
nvt nur wenig verdéndert. Sobald aber in Form von 
dispergiertem UOz eine Quelle ftir Spaltprodukte 
eingebracht wird, verschwinden bei Bestrahlung die 
Korngrenzen und die Maxima des Rontgenbeugungs- 
diagramms. Die Kristallstruktur von Us3QOxg wird bei 
Bestrahlung im Reaktor ebenfalls zerstort. Bei Al2Os 
war zu beobachten, dass zusammen mit der Zerstorung 
des Kristallgitters das Volumen um 30 % zunahm. 
Berechnungen zeigen an, dass nur ein kleiner Bruchteil 
der Atome durch elastische Stosse mit den Spalt- 
produkten oder durch andere denkbare Vorgaénge von 
ihren Gitterplatzen entfernt werden. Es wird daher 
angenommen, dass die Spaltprodukte indirekt wirken, 
etwa durch Anisotropieeffekte, welche das Gitter 
verzerren und es instabil werden lassen. Offensichtlich 
gibt es eine betrachtliche Zahl von Materialien mit 
einem solchen Verhalten, was eine schwerwiegende 
Begrenzung der Materialien bedeutet, die in Bereichen 
des Auftretens von Spaltprodukten verwendet werden 
kénnen. Im Gegensatz hierzu weisen viele keramische 
Materialien mit kubischem Kristallgitter eine aus- 
gezeichnete Stabilitét im Reaktor auf. Zu diesen 
Materialien gehéren auch UOz und UOse + ZrOs. 


radiation stability of ceramic materials as 
nuclear fuels. The in-pile behavior of UO, has 
been described by LHichenberg et al., and 
Robertson and co-workers, who have demon- 


+ This work was performed under AEC Contract No. AT-11-1-GEN-14. 
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strated the excellent irradiation stability of this 
material 1.2). Similarly, a large body of infor- 
mation has been obtained on the in-pile behavior 
of non-fissionable ceramic materials of potential 
worth in nuclear technology; this has recently 
been reviewed by Crawford and Wittels 3). Of 
particular interest to this investigation is the 
effect of pile irradiation of AlgO3. Alumina has 
been shown to be relatively unaffected by pile 
irradiation; Antal and Goland concluded from 
the results of a study of this material after 
exposures of 1.19 x 10!9 neutrons per cm?, that 
alumina exhibited good crystallographic sta- 
bility to fast neutron irradiation *). 

From these results, it would appear that a 
particularly attractive fuel material would be 
a dispersion of UO: in alumina. Since these two 
materials are mutually insoluble, the properties 
of the mixture were expected to be a simple 
combination of those of the two components. 
Both have excellent irradiation stability when 
tested alone. The overall thermal conductivity 
of the fuel should be increased, since the thermal 
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conductivity of the AlgO3 matrix is three times 
that of UOzg at operating temperatures. Further- 
more, the physical and chemical properties of 
Al,03 are quite satisfactory since it has a low 
neutron cross-section, high mechanical strength, 
and high resistance to corrosion in hot-water 
environments. 

Another potentially attractive fuel material 
would appear to be a solid solution between 
UOz and ZrOz. About 40 mol % ZrOz can be 
accommodated in solution in the face-centered 
cubic structure of UOz; while the tetragonal 
ZrOz structure can accept about 20 mol % UQ2 
at sintering temperatures *). These single-phase 
solid solutions offer the possibility of a uniform 
nuclear fuel with a neutron absorption cross- 
section somewhat lower than UQz alone. 

The present experiments were designed to 
confirm the expected behavior of these and 
other possible ceramic fuel materials under 
reactor conditions, and to study the nature of 
the changes in physical properties that take 
place on irradiation. 


TABLE | 


Characterization of materials investigated 


Density Unit Cell 
Compose t % 3 Nes crystal Dimensions-A.U iti 
position (wt %) (g/cm ) phases symmetry ie Composition of phases 
(Pre-irrad.) ao bo Co 
Compounds 
UOsz 10.97 1 Cubic 5.469 Single pure phase 
UsOs 8.39 1 Orthorhombic 6.717 | 11.97 4.150 | Single pure phase 
AlzOs 4.00 1 Hexagonal 4.758 12.99 Single pure phase 
ZrSi04 4.65 1 Tetragonal 6.58 5.93 Single pure phase 
Dispersions 
AlzO3 + 21 UO2 4.47 2 Cubie 5.469 Two phase — mutually 
Hexagonal 4.758 12.99 insoluble 
AlsOz + 80 UOQ2 8.14 2 Cubie 5.469 Two phase — mutually 
Hexagonal 4.758 12.99 insoluble 
ZrSiO4 + 25 UO 5.43 2 Cubie 5.469 Two phase — limited 
Tetragonal 6.60 6.0 solubility of U in ZrSiOu 
Solid solutions 
ZrOz + 80 UOz 8.29 1 Cubic 5.371 Single phase 
ZrOz + 138 CaO + 17 UOe 5.78 3 Tetragonal 4.064 3.987 | ZrOz with 10 wt % UOs, 
10 wt % CaO 
Cubic 5.220 UOs with 25 wt % ZrOe 
Orthorhombic | 11.15 |11.49| 7.99 | CaZrO3 


a 
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2. Experimental Techniques 


2.1. 


Three types 


SAMPLE PREPARATION 


of ceramic materials 
investigated: compounds, solid solutions, and 
dispersions of insoluble or partially soluble 
compounds. The compositions of these materials 


were 
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and their crystal structures are listed in table 1. 
The methods of preparation varied somewhat 


for the different materials, but in general was 


rather similar to that used for the UOs—Al,03 
mixtures. The components were mixed and 


ball-milled 


TABLE 2 


rid)” Bb 


Burnup and operating conditions 


rubber-lined mill, 


using 


Exp. 
number 


14-27 


14-28 


29-10 


30-3 


BNL-4 


Sample 
number 


11A 
11B 
11D 
11E 


UOs 
AlsO3 
UOz 
AlsOs 
AleOz 


UOsz 
UOsz 
UOsz 
Al2O3 
Al2O3 


AlsOs 
ZrOzg 
UOz 


Al2O3 
AlsOz 
ZrO2 
ZrOz 
UO:z 
UO2 


ZrO2 
ZrOz 
AleOz 
Al2O3 
AleO3 
AlsOs3 
AlgQOs 
AlsOs 
U308 
Us308 
AlsOx3 
ZrSi04 
ZrSi04 
ZrSiOQ4 
ZrSiOu 


Composition 


(wt %) 


= 21 UO> 


+ 21 UOe 
+ 21 UOe 


+21 UO, 
+ 21 UO2 


+ 21 UOe 


+ 21 UOs2 
+ 21 UOe2 
+ 13 CaO 
+ 13 CaO 


+ 80 UOe2 
+ 80 UOz 
+ 80 UO2 
+ 80 UOs 
+ 80 UOe 
+ 80 UO2 
+ 80 UO2 
+ 80 UO2 


Sample 
dimensions (mm) 


Atoms U85 per 
em? (x 10-29) 


Fuel surface 


Fissions/em? 


(se 10528) 


nvt 


Surface 
heat: flux 
(watt/em?) 


+ 13 CaO + 17 UO2 


+ 17 UOe 


| 17 UOs 


+ 25 wt % UO2 
+ 25 wt % UOs 


ee 
OL OL OL Ot Or 
Hr OL Ot Or 


el 
tr 


Se K OXK BS OK OS OR SX RS MONK Xx UK Xx oe DS OS 2S OS 78 DOE XX 


x xX X 


L525 1202 
1d. leO2 
15.0 1202 
1 Spon <ealeO2 
L555 1202 
15.5 «1.02 
15.5 x 1.02 
15.5 x 1.02 
fora xt 02 
Poror 1202) 
LO <pOLO7 
10.7 xX 0.97 
Oe >< OR 
oe 0S 
Drom 2208 
ay OK POE 
5.5 X 2.03 
D0) xX 2.03 
Sa AO} 
15:9 > 
L559) le27 
15.9) X17, 
T5:9F ea 
15.9 x 1.27 
O59 27 
TSO ale il 
15. a e2n 
Oe eal 
MOF S27) 
15.9) x 27 
Toso alee 7 
Looe 27 
Toe ale 7 
TO een enc 


12.25 


0.7 
0.7 


Depleted 
Depleted 
Depleted 
Depleted 
Depleted 
0.20 
0.20 


— 
— 
Or 


2.94 
4.10 
2.42 
1.34 


1.70 
6.15 
11.30 
15.70 
8.52 


9.00 
7.28 
10.02 


0.87 
0.87 
0.68 
0.68 
0.68 
0.68 


0.15 
0.02 
0.02 
0.06 
0.15 
0.02 
0.06 
0.15 
0.01 
0.03 
0.09 
0.04 
0.08 
0.03 
0.04 
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“Borundum” balls. A binder of 1 wt % 20M 
“Carbowax” was added, and the particles were 
agglomerated to facilitate pressing. The platelets 
were then pressed in steel dies at 14 TSI; 
allowance was made, in the size of the dies, for 
shrinkage during sintering. Samples consisting 
mainly or entirely of ZrSiO, or U308 were 
sintered in air for 24 hours at 1200 to 1350° C; 
the other materials were sintered in hydrogen 
for approximately 40 hours at 1760° C. The 
platelets were then ground to final dimensional 
tolerances by lapping with silicon carbide grit. 
Densities in excess of 95 °% of the theoretical 
maximum were attained. The samples sizes of 
ceramic materials used in this investigation are 
shown in table 2. 


2.2. IRRADIATION TECHNIQUES 


Except for experiment BNL-4, the samples 
were encased in Zircaloy-2 and irradiated as 
prototype fuel elements, the fabrication of which 
has been described in detail elsewhere *). The 
ceramic plates of experiment BNL-4 were 
clamped in an aluminium sample holder. 
Experiments WAPD 14-27 and 28, and BNL-4, 
were further encased in sealed aluminum 
capsules. The other experiments were exposed 
directly to the recirculated water of high- 
temperature, high-pressure loops built into the 
Materials Testing Reactor. The loops were 
operated at 155 kg/cm? and 290°C. 

Table 2 lists the total irradiation exposure of 
each sample, as integrated neutron flux and 
fissions/em?, as well as heat fluxes and surface 
temperatures attained during irradiation. All 
samples were irradiated at the MTR except for 
those of experiment BNL-4, which were irradi- 
ated in unused fuel channels of the Brookhaven 
National Laboratory reactor. 


2.3. POST-IRRADIATION EXAMINATION 


After irradiation, the samples were returned 
to the Bettis “hot” laboratory, where they were 
opened and examined remotely. Density changes 
were observed both through dimensional 
changes, measured with remotely operated 
micrometers, and through the immersion 


method, using water to which a few drops of 
“Aerosol” detergent had been added. Portions 
of the samples were mounted in thermosetting 
plastic and polished; these mounts were used 
both for metallography and X-ray diffraction. 

X-ray diffraction data were obtained on a 
double-crystal spectrometer capable of obtain- 
ing a powder diffraction pattern from extremely 
radioactive samples. A horizontally-mounted 
tube provides copper K radiation. After leaving 
the sample, the diffracted beam traverses a bent 
channel in a large mass of lead brick, first to a 
curved lithium fluoride crystal, then to a 
scintillation counter. This counter is operated 
at a very low plate voltage, barely enough to 
obtain a signal from the photomultiplier tube. 
This makes it possible to eliminate, by means of 
a pulse height discriminator, the signals caused 
by any radiation except the copper K-alpha 
X-rays and those gamma rays having very 
similar energies. Each of these steps takes its 
toll in signal intensity. Therefore in order to 
improve the intensity, no collimation or Soller 
slits are used either before or after the sample, 
except for one slit at each end of the 21-inch 
lead channel. The long channel and the small 
port of the detector provide sufficient colli- 
mation both horizontally and vertically. 

The monochromator, with its several hundred 
pounds of lead brick shielding, is stationary. 
The sample and the horizontal X-ray tube are 
moved during the scanning; they revolve at the 
proper 2:1 ratio on a rotating milling machine 
table, specially adapted to this purpose. The 
table is driven through a set of precision, low- 
backlash reducing gears at any one of three 
speeds, up or down, by remotely-operated 
motors. The entire assembly is housed in a 
steel cell with eight-inch walls. 


3. Results 


3.1. CHANGES IN DENSITY AND MICROSTRUC- 
TURE 
Thickness measurements were made on all 
prototype fuel elements after irradiation. The 
results are presented in table 3. It will be noted 
that the fuel elements which contained AlsO3 + 
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TABLE 3 


Dimensional changes of Zircaloy clad fuel elements and density changes in fuel 


Burnup | Fuel element thickness Fuel densities 
Exp. Sample Fuel composition fissions/ (inches) (g/cc) 
number | number (wt %) em? : 
(x 10-°)| Pre | Post Ae Pre Post | % AD 
14-27 U-6 UOs 112 0.073 | 0.074 | 0.001 | 10.52 | 10.48 0.38 
A-3 AlsO3 + 21 UO2 2.74 0.073 | 0.080 | 0.007 4.46 3208 a leseo 
U-7 UOs 3.09 0.072 | 0.073 | 0.001 | 10.52 | 10:43 0.86 
A-4 AlzO3 + 21 UO2 2.33 0.072 | 0.080 | 0.008 4.46 3.57 | 19.9 
B-1 AlzOz + 21 UOe P25 0.067 | 0.072 | 0.005 4.46 3.66 | 17.9 
14-28 U-4 UO2 1.57 0.073 | 0.073 | 0 10.52 | 10.47 0.48 
U-10 UOz pale 0.072 | 0.073 | 0.001 | 10.52 | 10.48 0.38 
U-11 UOz 8.34 0.073 | 0.074 |} 0.001 | 10.52 | 10.45 0.67 
A-10 AlzO3 + 21 UO2 10.80 0.071 | 0.079 | 0.008 4.46 3700 eel Owa 
A-6 AlzOz + 21 UO2 6.92 0.072 | 0.080 | 0.008 4.46 3.62 | 18.8 
29-10 1 AlzO3 + 21 UO2 bss 45 0.073 | 0.080 | 0.007 4.50 3.71 | 17.4 
2 ZrOz + 13 CaO + 17 UO2 4.48 0.073 | 0.072 |-—0.001 5.55 5.55 0 
3&4 |} UOse 5.70 0.073 | 0.073 | 0 10.67 | 10.67 0 
30-3 T04 AlzO3 + 21 UOs 0.92 0.121 | 0.139 | 0.018 4.40 3.41 | 22.5 
T17 AlzO3 + 21 UOe 0.92 0.123 | 0.136 | 0.013 4.40 3.69 | 16.3 
T07 ZrOz + 13 CaO + 17 UOe 0.70 0.112 | 0.112) 0 5.40 5.40 0 
T08 ZrOz + 13 CaO + 17 UO? 0.70 0.125 | 0.125 | 0 5.40 5.40 0 
TOl UOz 0.72 OMZOR OMI20 FeO 10.60 | 10.60 0 
T14 UOz ONn2 OLLZ5 WNOLL25—> 50 10.60 | 10.60 0 
NOTES: 1. Post-irradiation densities of the 14-27 and 28 fuels were calculated from measured density 


changes in the fuel elements. 


2. Post-irradiation densities of the 29-10 and 30-3 fuels were calculated from measured changes 


in fuel element thicknesses. 


21 wt % UOsz showed considerable increase in 
thickness, whereas the fuel elements containing 
UOzg and ZrOz2+13 wt % CaO0+17 wt % UOs2 
were essentially unchanged. 

Post-irradiation density measurements were 
made on the WAPD-14-27 and 28 fuel elements. 
By making the assumption that the Al,O3+ 
21 wt % UOz completely filled the interior of 
the fuel element, it was possible to calculate 
post-irradiation densities of these ceramic 
materials. This assumption is considered valid 
because metallographic sections of these fuel 
elements showed that swelling of the AlzO3+ 
UO, had resulted in the elimination of all the 
original void volume in the fuel element 
interiors. The density of the UOz ceramic was 
calculated in a similar manner except that the 


compartment void volume was assumed to 
remain constant. Post-irradiation densities of 
the WAPD-29-10 and WAPD-30-3 materials 
were calculated from the measured increases in 
thickness of the fuel element. These results were 
confirmed by direct measurement, using the 
immersion method, on fragments of fuel removed 
from the cladding in experiment 30-3. The 
density determinations are presented in table 3. 

A decrease in density of about 18 % was 
noted in all AlzO3+ 21 wt 9 UO: materials and 
was found to be independent of total accumu- 
lated irradiation exposure in the range of this 
investigation, 0.9 to 10.8 x 1029 fissions/cc. This 
is illustrated in fig. 1, which shows the percen- 
tage decrease in density plotted as a function 
of burnup. If it is assumed that this density 
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FISSIONS PER CC x 107?° 


M waPo 30-3 EXPERIMENT 
@ wAPD 29-10 EXPERIMENT 
@ wapo 14-27 & 28 EXPERIMENT 


PERCENT DECREASE IN DENSITY OF ' Al203+2Iwt %o UO2 


0 eee tal 
Oe 0.4 0.6 0.8 1.0 12 
ATOM PERCENT BURNUP OF TOTAL ATOMS 
Fig. 1. Increase in volume of AlgO3 + 21 wt % UOz2 


on irradiation. 


decrease is due solely to the swelling of Al2Os, 
then the density of this compound must have 
decreased about 30°, from 4.00 g/cm? to 
3.07 g/cm. This assumption is supported by the 
X-ray diffraction results given below. 

The pronounced effect of irradiation on the 
Al,O3+21 wt % UOz ceramic fuels was also 
illustrated by the microstructure of this 
material (fig. 2). Before irradiation, the Al2Os 
was the continuous phase and had definite grain 
boundaries. Particles of UOz and also voids were 
dispersed throughout this matrix. After irradi- 
ation, there is no evidence of grain boundaries in 
the AlsO3, and the original porosity of the 
material has disappeared. Elongated voids and 
tails on the UQOs2 particles were observed, 
suggesting that the voids had been collapsed by 
the swelling of the Al,O3, and that the AlsOs 
had been compressed around the UO, particles. 

The change in microstructure of the ZrO, + 
13 wt % CaO+17 wt % UOs is shown in fig. 3. 
The phase consisting largely of UOz2 (grey 
particles) exhibited a “halo” effect at interface 
boundaries after irradiation. This darkening of 
the interfacial area around the particles may be 
attributed to fission fragment damage to the 
tetragonal zirconia phase, although it appears 
to be much smaller than the calculated range of 
fission fragments in this material. Unlike the 
Al,O3+UOz, no changes in porosity are ob- 
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As fabricated x 500. 


x 500. 


10.8 x 102° fissions/ec. 


Fig. 2. AlsO3 + 21 wt % UOse fuel structure before 


and after irradiation. 


served. The UOz showed no change in micro- 
structure with exposures as high as 8.34 x 1020 
fissions/em?, except for slight cracking within 
particles; photomicrographs of UO2 before and 
after irradiation are presented in fig. 4. This 
is consistent with the observations of other 
workers 1). 


3.2. 


X-ray diffraction profiles obtained on the 
double-crystal spectrometer from irradiated and 
unirradiated materials are shown in fig. 5. Copper 
K, radiation was used. Before irradiation, the 
Al,O3 + UOz mixtures gave the X-ray diffraction 
profile shown in fig. 5a. As expected, the 


X-RAY DIFFRACTION RESULTS 
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As fabricated. x 260. 


4.5 x 10 fissions/ce. 21 at % U fissioned. x 260. 


Fig. 3. ZrOz + 13 CaO + 17 UOsz fuel structure 


before and after irradiation. 


diffraction profiles of UOz and Al:O3 are super- 
imposed. After 2 x 1016 fissions per cubic centi- 
meter, obtained by placing the sample for four 
weeks in a flux of approximately 10!2 thermal 
neutrons per cm? at Brrookhaven National 
Laboratory, the material gives the diffraction 
profile shown in fig. 5b. Only the peaks produced 
by the UOz particles are observed. If the peaks 
of the AlzO3 had been as much as one-twentieth 
(;;) as intense after irradiation as before, they 
would have been detected on the instrument. 
The peaks produced by the UOz show only a 


slight decrease in intensity and increase in 


As fabricated UOz. x 160. 


8.34 x 102° fissions/ee. x 160. 


fuel structure before and after 
irradiation. 


Fig. 4. UOs 


breadth; there is also a barely significant in- 
crease, of about one part in 1000, in the linear 
dimensions of the unit cell. Therefore, it can be 
assumed, for purposes of calculation, that all the 
observed swelling occurs in the AlzO3. A similar 
diffraction profile was obtained on a sample of 
AlgOg +21 wt % UOs (sample T04 of test 30-3) 
after 0.92 x 1029 fissions/cm?. The disappearance 
of the X-ray diffraction profile of AlzO3 cannot 
be ascribed to the disappearance of the phase 
itself through solution, for the photomicro- 
graphs (fig. 2) show quite clearly that both 
phases are still present after irradiation. From 
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Fig. 5. Diffraction patterns obtained with copper 
Ko X-rays. a) AleO3 + 80 wt % UOs, unirradiated; 
b) after 2 « 10! fissions/ce. ¢) ZrSiO4 + 25 wt % UOs, 
unirradiated; d) after 4 < 101° fissions/ce. 
* —_ Non-reproducible bursts of noise. 


these results it must be concluded that the 
crystal lattice of AlgO3 has been destroyed due 
to the irradiation. 

Zircon (ZrSiO4) is sometimes found in an 
amorphous state in nature. These zircons, 
called “‘metamict’’, contain small amounts of 
uranium and/or thorium. The destruction of 
their crystalline structure has been ascribed to 
the resulting irradiation of the zircon by alpha 
recoils through geologic time’). To explore the 
possibility that the Als03+UO2 was being 
rendered amorphous by a process analogous to 
metamictization, plates of ZrSiO,+ UO. were 
irradiated to comparable exposures. Fig. 5c 
shows the diffraction profile of this material 
before irradiation; once again, except for some 
minor shifts ascribed to solid solution, the 
profile consists of the UOz2 peaks superimposed 
on the ZrSiOg peaks. Fig. 5d shows the dif- 


R. M. BERMAN, M. L. BLEIBERG AND W. YENISCAVICH 


fraction profile after irradiation. Note that the 
strongest surviving peak, at 28.5° 26, corre- 
sponds not to the very strong ZrSiO4 peak at 
27°, but to the much smaller UOz peak immedi- 
ately to its left in fig. 5c. The ZrSiO. peaks, like 
the Al,O3+UOs, have completely disappeared 
and three broad maxima are observed at 
approximately 25°, 45° and 65° 26. This is 
similar to the appearance of the X-ray dif- 
fraction profile of a liquid or glass, particularly 
one containing heavy atoms. 

Control samples of AlzO3 and ZrSiO4 without 
uranium were exposed to comparable or greater 
amounts of neutron bombardment. The dif- 
fraction peaks of the ZrSiO, broadened slightly, 
and there was a slight expansion of the unit 
cell, which confirms the results reported by 
Crawford and Wittels 3). The AlzO3 showed no 
significant change whatsoever in its diffraction 
profile. This result is confirmed by the work of 
Antal and Goland who reported only trifling 
effects on exposure of AlsO3 to integrated fast 
neutron fluxes about 50 times as great 4). 

Boyko, Halteman and Roof report the dis- 
appearance of the diffraction profile of UsOg 
on irradiation §). This experiment was repeated 
herein, using depleted uranium. The least- 
irradiated U30g sample, number 5D of experi- 
ment BNL-4, underwent only about = of the 
number of fissions per unit volume as the 
samples of Boyko, Halteman and Roof. After 
irradiation, the sample failed to show even the 
few, weak, residual diffraction peaks that they 
observed. A possible explanation is that their 
samples reached a somewhat higher temperature 
during irradiation, and had partially annealed 
themselves, while in this work, the temperature 
of the U30g did not exceed 75° C and no such 
annealing occurred. The X-ray profile shows 
broad maxima similar to those observed in the 
samples of ZrSiO.+UOs described above. 

It can be seen in fig. 5 that the crystal 
structure of UOz was not destroyed by the 
irradiation. In contrast to the AlsOs, _ its 
properties after irradiation did not differ in any 
significant way from those of UOs irradiated 
alone. After a very slight amount of irradiation, 
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the unit cell dimension a has expanded from 
5.469 A to 5.475 A. This value is reached by the 
time 2 x 1016 fissions per cm? have accumulated. 
Thereafter, no change in unit cell size has been 
found. The cell size calculated from the UO2 
profile obtained from sample T04, after nearly 
1020 fissions per cm, was still 5.475 A+0.003. 

In the cubic solid solutions of ZrOz in UOs, 
this initial expansion of the unit cell is observed. 
After 21016 fissions/em?, the cell edge has 
increased from 5.371 to 5.382 A. A considerable 
increase in the breadth of the peaks was 
observed. On further irradiation, the breadth 
of the peaks decreases to a value slightly above 
that for unirradiated material. The cell size, 
instead of remaining constant as in UOz, 
decreases somewhat; from sample 2C of experi- 
ment BNL-4, which had undergone 1.4 x 1019 
fissions/em?, a sharp diffraction profile of a 
single cubic phase was obtained. The cell edge 
was 5.343 A+ 0.002. Studies are continuing on 
this and other cubic UOs solid solutions. In each 
case, the diffraction profile of a cubic structure 
has been obtained after irradiation. The cubic 
CaFs-type structure of these materials is 
apparently very resistant to destruction by 
irradiation. 


4. Discussion 


When sintered bodies consisting of fine- 
grained mixtures of alpha AlzOs and UQOz are 
irradiated in a reactor, the crystal structure of 
the Al,O3 is destroyed. This occurs after 
extremely small amounts of reactor exposure 
and is shown by the disappearance of the X-ray 
diffraction profile and also the grain boundaries 
of the Al,O3. Concurrently, the volume of the 
Al,O3 increases about 30 %. After this initial 
swelling, the density of the material does not 
change significantly with additional exposure. 

This expansion would be a serious difficulty 
if AlzO3-+ UO: dispersions were to be used as a 
nuclear fuel since it could cause constriction of 
the coolant channels and perhaps rupture of 
the cladding. 

The crystal structure of Alz;03 shows excellent 
stability when exposed to neutrons alone. 
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AlgO3 has been irradiated by Antal and Goland 
to 1.19 x 1019 nvt (fast). For comparison, some 
of the samples of experiment BNL-4 received 
integrated fluxes of 1 x 1018 nvt (thermal) and 
perhaps ; that number of fast neutrons. 
Antal and Goland report that approximately 
0.12 % of the atoms are displaced at this high 
neutron exposure, as compared to the expected 
5.5 %, calculated on the basis of the theoretical 
formulae of Kinchin and Pease 9). They con- 
clude that the crystal structure of Al:,03 is 
particularly resistant to destruction by neutrons. 

The destruction of the Al2,O3 lattice must 
therefore be ascribed to fission fragments. 
Clearly, the effect of fission fragments on these 
ceramic materials cannot satisfactorily be 
estimated by extrapolation from results ob- 
tained with other particles such as neutrons and 
alpha particles. Furthermore, materials show 
wide variability in their tendency to become 
amorphous under the action of fission fragments. 
UOs, ZrOs+UO0e, and ZrOe+CaO+U0O:2 ex- 
hibited remarkable stability in-pile. Excellent 
X-ray diffraction profiles were obtained from 
these samples after irradiation. 

A behavior similar to that of AlzO3 was noted 
in ZrSiO4z, which shows little change upon 
exposure to thermal neutrons at the exposure 
levels used in this investigation. When it is 
exposed to fission fragments, however, its 
crystal structure is rapidly destroyed. The 
crystal structure of U3QOg is also destroyed when 
irradiated to comparable exposures in a reactor. 
Similarly, Bleiberg and Jones reported the dis- 
appearance of the X-ray profile and grain 
boundaries of U3Si after an exposure of 1.06 x 
1019 fissions/cm?. They also observed a decrease 
in density of 3.8 % in this material 1°). 

Wittels and Sherill have found that certain 
materials can be rendered amorphous by fast 
neutrons alone 11), These include various stable 
and metastable crystalline forms of SiOz 
(except Coesite), which give no diffraction 
profile after exposure to 1.2 x 1029 nvt (fast). 
These exposures are on the order of 100 times 
those in the present experiment. In the case of 
quartz, the effect of the neutron bombardment 
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was an anisotropic structure change. The axial 
ratio c/a increased with increasing exposure, 
until the point was reached at which the struc- 
ture became unstable and the material became 
amorphous. It may be postulated that fission 
fragments have a similar effect on the structures 
of ZrSiOu, AlzO3, Us0g and Us3Si, since none of 
these materials are isometric. In Cal 2-type 
structures such as UOs, on the other hand, the 
three mutually perpendicular axes have identi- 
cal properties, and these materials do not 
become amorphous under fission fragment 
bombardment. This supposition was explored 
by calculating the number of displaced atoms 
caused by the fission fragments in this material. 

Using values obtained by Suzor 12) for the 
range of fission fragments in aluminium foils, 
and assuming that the stopping power of an 
atom is proportional to the square root of its 
atomic number, it is possible to calculate that 
the maximum range of a Zr%? fragment in 
amorphous Al,O3 is 12.7 microns. Inspection of 
the photomicrographs (fig. 2) shows that this 
range is adequate to reach virtually all of the 
Al,O3 from the UO: particles in the material 
prepared for this investigation. Since the fission 
fragments have sufficient range to affect the 
entire AlgOs matrix, the question arises whether 
the fragments can disrupt the structure directly 
by displacing its constituent atoms, or whether 
they must work through some indirect mecha- 
nism such as anisotropic expansion of the lattice. 
In the case of sample 3D of experiment BNL-4, 
it was shown that after 2 x 1016 fissions/em3, the 
crystal structure of Al,O3 was completely 
destroyed. Assuming that two fission fragments 
were produced in each fission and that all the 
fragments penetrated the Al,O3, then each 
fission fragment must be responsible for affecting 
a volume of Alz,O3 containing 1.18 x 106 atoms. 
This can be compared to the number of dis- 
placements produced by a fission fragment, 
which may be calculated using the method of 
Kinchin and Pease 9-13), 

These calculations have been made for two 
fission fragments near the lighter and heavier 
maxima of the fission fragment distribution 
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curve. A Zr? fragment with an initial energy 
of 93 MeV will displace approximately 215 
aluminum and 360 oxygen atoms before being 
brought to rest. These atoms, in general, will 
have enough energy to displace others. In the 
case of the aluminum atom, the mean number 
of displacements per primary collision would 
be 35; in the case of the oxygen atom, 21. A 
Zx9” fragment with its entire path in AlzO3 would 
therefore displace about 15 000 atoms. Repeat- 
ing this calculation for a Cs!37 fragment with an 
initial energy of 63 MeV, one finds that 29 600 
atoms are displaced. The mean value for all 
fission fragments would therefore be about 
22 000, if their entire paths lay in Alz03. Sample 
3D, however, is only 40.7 °4 AlzO3s by volume; 
the actual mean number of atoms in Al:O3 dis- 
placed through collisions with a fission frag- 
ment, or with another atom carrying a portion 
of the fission fragment’s energy, could hardly 
exceed 9000, or one atom in 130. It is, of course, 
not necessary to displace every single atom to 
destroy a structure, but the number of dis- 
placements seems too low to account for the 
disappearance of the structure due to collision 
displacements. Antal and Goland ¢) performed 
similar calculations on AlsOg irradiated with 
fast neutrons; they obtained a value of 5.5 % 
of the atoms displaced. Since the structure of 
their material was still intact, and it showed 
only a slight swelling, they estimated the actual 
number of displacements as 0.12 %. It must 
be concluded that the actual number of atoms 
moved from the lattice sites through the action 
of fission fragments is far greater than theory 
would predict; for neutrons, in the case of 
AlsQs, it is far less. This illustrates the difficulty 
of extrapolating results obtained with lighter 
particles to the case of fission fragments. 
Monoclinic ZrO, has a distorted CaF, struc- 
ture. Wittels and Sherrill 14) have found that 
natural ZrO: containing small amounts of 
uranium is converted to the cubic form, with an 
undistorted CaF; structure, on irradiation. They 
have also observed that uranium-free ZrO» was 
not transformed by comparable amounts of 
irradiation with neutrons alone. The results are 
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analogous to those reported for Al:O3 and 
ZrSiOu, except that the irradiation resulted in 
the extremely stable CaF:-type structure rather 
than an amorphous phase. The density of fission 
events was roughly the same as that in sample 
3D of experiment BNL-4. The calculations 
performed by Wittels and Sherrill, therefore, 
gave results closely comparable to those above; 
it was necessary for each fission fragment to 
convert to the cubic form a volume of ZrO>2 
containing 10° atoms, but the number of dis- 
placements calculated was on the order of two 
magnitudes less. 

Wittels and Sherrill attributed the results 
observed in ZrO, to fission or displacement 
spikes, which have been shown to be adequate 
to cause the phase reversal noted in U-9 wt % 
Mo alloy 5). Walton 1%) calculates that a heavy 
fission fragment will displace 5.5 x 104 atoms of 
uranium metal by momentum transfer. In 
U-9 wt % Mo, according to Bleiberg, the dis- 
placement spike, formed after the energy of the 
particle has dropped below the range in which 
Walton’s mechanism is effective, will affect an 
additional 6 x 104 atoms }). In lighter materials, 
however, the displacement spike does not begin 
to form until only an infinitesimal portion of the 
energy of the fission fragment remains. Brinkman 
calculates this threshold value to be 9000 eV in 
the case of metallic zirconium and 1200 eV in 
the case of aluminum !6), The values for the 
oxides would be even less. Therefore, it does not 
seem reasonable to attribute the affects noted 
herein to displacement spikes. 

In Al,03, approximately 99 °% of the energy 
of the fission fragment is dissipated through 
ionization. Varley 1”) suggests that this portion 
of the energy might account for some displace- 
ments in ionic crystals, by converting negative 
ions into positive ones, which would then be 
repelled from their position in the lattice by the 
surrounding positive ions. It is plainly not 
sufficient for an ion to be expelled into a 
neighboring vacancy; it would simply return 
to its original position when it regained its 
electrons. A fairly high positive charge is there- 
fore necessary; let us assume that there will be 
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one of these ‘‘multiple ionization”’ displacements 
for every oxygen ion reaching an oxidation state 
of +3, i.e. losing 5 of its 10 electrons. Since the 
total amount of energy dissipated by the fission 
fragment is known, as well as the energy 
necessary for a single ionization, it can be 
calculated that about 5 x 108 oxygen ions lose a 
single electron as a 93-MeV particle passes 
through Al,O03. Varley estimates that the cross- 
section decreases an order of magnitude with 
each additional electron removed from the same 
atom ; this would result in only about 500 oxygen 
ions reaching the charge of +3. This mechanism 
applies only in the case of ionic materials; it 
cannot contribute significantly to the number of 
displacements in ZrSiOu, which is largely 
covalent, or in Us3Si, in which the bonds are 
metallic. 

There remains the hypothesis that the fission 
fragments act indirectly, through anisotropic 
effects which distort the lattice, and render it 
unstable. On this assumption, it may be possible 
to draw up a tentative list of criteria for the 
likelihood of fission-fragment-induced phase 
changes in a particular substance. 

The first requirement is that the substance be 
anisotropic. All of the materials showing fission- 
fragment-induced phase changes are anisotropic. 
The CaF :-type cubic materials do not show 
these changes. Marked anisotropy of macro- 
scopic physical properties, particularly reactions 
to thermal and mechanical stresses, may also 
be a useful criterion. 

The presence of high-temperature or meta- 
stable allotropic forms obtainable by ordinary 
chemical means might also indicate that the 
structure is comparatively unstable. AlgO3 has 
a metastable gamma form, and SiOz has many 
metastable forms as well as five stable crystalline 
phases. U30g has a high-temperature form and 
a closely related UOz.¢ phase slightly deficient 
in oxygen. 

The existence of more than one stable con- 
figuration between an ion and its nearest 
neighbors indicates that the structure may be 
unstable. In Al03, each aluminium ion is 
surrounded by six oxygen ions; in many silicates, 
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however, it is surrounded by four. Likewise, 
zirconium may occur in six or eight co-ordi- 
nation with oxygen. This occurs when the ratio 
between the ionic radii of the two ions is close 
to the theoretical stability limit between two 
co-ordination numbers. 

However, as Primak 18) points out, the deter- 
mining factor may not be the initial state of the 
material, but the stability of the amorphous 
(or metamict) phase once it is formed. Since this 
cannot readily be predicted, it will continue to 
be necessary to test carefully, under closely- 
simulated operating conditions, each material 
proposed for placing within, or in contact with, 
nuclear fuel. 


5. Conclusions 


The results of this investigation indicate that 
there is a large group of substances that cannot 
be used for applications within the range of 
fission fragment recoil because their structure 
would be destroyed, with consequent deterio- 
ration of their macroscopic physical properties. 
This constitutes a serious limitation on the 
choice of materials for certain nuclear appli- 
cations. It has been shown that this property 
cannot be predicted from the damage produced 
by neutron bombardment. As a result, two 
materials with satisfactory resistance to irradi- 
ation damage when irradiated alone may be 
unsatisfactory when mixed if one of them 
produces fission fragments. 

Calculation indicates that the number of 
atoms displaced by fission fragments is insuffi- 
cient to account for the destruction of the crystal 
structure directly. It seems probable that the 
structures most readily destroyed are aniso- 
tropic; none of the substances rendered amor- 
phous artificially are cubic. It is suggested that 
the effects of bombardment on the crystal 
structure are anisotropic, and render the 
structure unstable by distorting it. 

The fact that ZrSiOg (zircon) is among the 
substances that can be rendered amorphous 
artificially suggests that the phenomenon may 
be analogous to metamictization in naturally 
occurring minerals. 
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The orientation relationship between deformed and 
recrystallized alpha-uranium can be expressed as 27.5° 
rotations about axes located 70.0° from the [100], 
63.5° from the [010] and 34.0° from the [001]. In 
deriving this relationship it was necessary to consider 
the recrystallized grains found upon annealing de- 
formed single crystals as originating from twins as 
well as from the parent crystal. Comparisons of 
deformation and recrystallization textures of poly- 
crystalline uranium agree well with the finding. 


Les relations d’orientation entre monocristaux d’ura- 
nium «a déformés et cristaux de _ recristallisation 
peuvent étre représentées par des rotations de 27,5° 
autour d’axes situés a 70° de [100], 63,5° de [010] et 
34° de [001]. Pour obtenir cette relation d’orientation, 
il était nécessaire de supposer que les cristaux de 
recristallisation formés par recuit des monocristaux 


1. Introduction 


The orientation relationships found between 
deformed single crystals and grains grown in 
them by annealing have contributed signifi- 
cantly to the knowledge of recrystallization 
textures for face-centered-cubic 1-8) and body- 
centered-cubic 4:5) metals. Normally the struc- 
tures are related by rotations about axes 
perpendicular to the most densely populated 
planes. The same relationships apply to com- 
parisons of deformation and recrystallization 
textures of polycrystalline materials 68). 

Preferred orientation data have been re- 
ported for deformed and recrystallized urani- 
um rods 9-18) and sheets 415) treated in the 
orthorhombic alpha phase temperature range. 
These consist of several components and exhibit 
appreciable scatter; consequently, it is im- 
possible to arrive at a recrystallization orien- 
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déformés provenaient aussi bien des macles de défor- 
mation de l’uranium que du monocristal initial. Les 
comparaisons entre textures de déformation et de 
recristallisation de uranium polycristallin montrent 
un bon accord avec les relations d’orientation trouvées. 


Der Orientierungszusammenhang zwischen verform- 
tem und rekristallisiertem «-Uran kann als Rotationen 
um 27,5° um Achsen ausgedriickt werden, die mit 
[100], [010] und [001] Winkel von 70,0°, 63,5° bzw. 
34,0° bilden. Um diesen Zusammenhang abzuleiten, 
war zu bericksichtigen, dass die rekristallisierten 
Korner, die nach dem Gltthen verformter Einkristalle 
zu beobachten waren, sowohl von Zwillingen als auch 
vom Mutterkristall stammen. Vergleiche von Ver- 
formungs- und Rekristallisationstexturen von poli- 
kristallnem Uran erbrachten eine gute Uberein- 
stimmung mit dem vorliegenden Befund. 


tation relationship from the texture data. In 
view of the agreement for single crystals and 
polycrystalline samples of cubic materials, it was 
believed that recrystallization studies of de- 
formed single crystals could delineate the 
orientation relationship for alpha-uranium. 


2. Experimental Work 


The single crystals used in this work were 
prepared by the grain coarsening technique 
described by Fisher 16) and their deformations 
have been reported by Lloyd and Chiswik 1%), 
Anneals were performed in lead pot furnaces 
after sealing individual, tantalum wrapped 
samples in evacuated Vycor capsules. Orien- 
tations of residual deformed material and 
recrystallized grains were determined from 
X-ray Laue back-reflection photograms taken 
on surfaces prepared metallographically after 
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annealing. Optical selection of the specific areas 
(as small as 0.4 mm diameter) was accomplished 
with the aid of an adjustable, micrometer, 
specimen stage assembly. 


3. Results 


Fourteen single crystals were annealed after 
compression at room temperature. Of these only 
six samples had grains sufficiently large for 
orientation determinations. The other eight 
samples either did not show recrystallization, 
or the grains formed were rather small and, for 
the most part, located near compression surfaces 
where mechanisms other than those imposed 
during the deformation study could have been 
responsible for their presence. 

A representative photograph of a partially 
recrystallized sample is shown in fig. 1. Fig. 2 
plots the recrystallized grain orientations with 
respect to the deformed crystal in (001) standard 
projection. Data were obtained for this sample 
after two annealing treatments, and fig. 2 
contains some orientations found after the 
earlier anneal but not present in the condition 


Composite photograph of sample A after annealing at 600°C Laue back-reflection photograms 
were obtained from circled areas. 


Polarized light x 25. 

shown in fig. 1. To illustrate best the method of 
treating the data, results for this sample are 
presented in some detail below. 


(100) 


(O10) 23, 37 0022 (0 <(001) 1/24, 


pare 15.3 
gO LESS Be 
43300 ee he 


ae? | /38 °35° 


(100)1, 


(oi0)t, 
1 *(130) twin (100) ® (100) 
(1 i 
t2*(130) twin © (O10) 
© (001) 


Fig. 2. Locations of the principal poles of recrystal- 

lized grains with respect to the deformed orientation 

of sample A in (001) standard projection. Number 
designations correspond to those of fig. 1. 
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Fig. 2 shows recrystallized grain (001) poles 
grouped near the deformed crystal (001) pole ft. 
Less distinct, but still definitive, (100) pole 
groups are found near {110} poles of the crystal 
and its {130} twins. This suggested that the 
grains might be related to deformation twin 
orientations as well as to the parent crystal. To 
test the hypothesis, the principal poles of the 
grains believed to originate from {130} twinned 
material were stereographically reflected on the 
twin planes and considered as if they originated 
from the parent crystal. 

Further stereographic grouping was possible 
by reflecting the grain orientations on the 
principal planes of the deformed crystal so that 
all points from equivalent locations were plotted 
in single groups. The data for sample A after 
the treatments are shown in fig. 3. By expressing 
the location of the poles of the recrystallized 
grains in terms of longitude and latitude angles, 
it was possible to determine a mean position for 
each group. The great circles represent the loci 
of rotation axis for the pairs of principal pole 
positions, and their intersection is the common 


(Too) 


@ (100) 
(100) © (O10) 
© (OOl) 


Fig. 3. Final grouping of principal poles of recrystal- 

lized grains for sample A. Average position for each 

group is indicated as “X’’ and rotation axis is located 
at the intersection of the three great circles. 


+ Since the (001) is the shear plane for {130} twins, 
the (001) poles of the parent crystal and its {130} twins 
coincide. 
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axis. Four axes are possible; however, three 
require large rotations to bring the orientations 
into coincidence, while rotation for the one 
selected here was much smaller. 

The data for the other five samples were 
treated in a similar manner. Of seventy five 
grains analyzed only four could not be referred 
simply to deformed orientations available in the 
crystals. Possibly these were related to cases 
where secondary twins are created within 
primary twins; such orientations were not 
considered. Table 1 indicates the number of 


TABLE 1 


Recrystallized grains considered to originate from 
deformed orientations present in alpha-uranium 
single crystals 


Operative deformation | Number of grains 
mechanisms related to ** 
Sampl ; 
eM : Twin Ene Parent 
Slip system 2: orien- 
plane * ; crystal 
tation 
A — (130) 9 14 
130) 1 
(176) 5 0 
ew (176) 3 
vo {011}—[100] ? (130) 3 
ew (176) 2 
ew (176) 0 
J (010)—[100] (130) 2 1 
ew (172) 2 
(130) 4 5 
(130) 5 
12 (010)-[100] | &(172) 0 
ew (172) 1 
S (010)—[100] 130) 2 1 
130) 5 
V (010)—[100] (130) 1 2 
ry (172) 3 


Twin planes are arranged in order of decreasing 
importance as operative deformation 
chanism. 


me- 
** Three grains in sample A and one grain in 
sample P were not related simply to available 
deformed orientations. 
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Fig. 4. Grouping of principal poles of recrystallized 
grains for six crystals deformed in compression. 


grains assumed to originate from the various 
deformed orientations, and fig. 4 shows the 
final groupings. The average rotation axis was 
located 70.0° from the [100], 63.5° from the 
[010] and 34.0° from the [001]. A rotation of 
27.5° was necessary to bring the orientations 
into coincidence. Four equivalent axes exist in 
alpha-uranium; rotation about those in the 
first and third quadrant was clockwise, and 
rotation for the second (shown in fig. 4) and 
fourth was counterclockwise. 


4. Discussion 


The primary criterium employed in treating 
the data was that recrystallized grains originated 
from the deformed orientation whose (001) pole 
lay near the grains’ (001) pole. To fix the 
relationship in three dimensional space, it was 
assumed that the (100) pole of a recrystallized 
grain took up a position near a {110} pole of the 
deformed orientation. The interesting aspect 
was the referral of grains to twin orientations 
as well as to the parent crystal. As can be seen 
from table 1, the correspondence between the 
twins necessary to explain the grains and those 
occurring upon deformation was extremely 
good. Moreover, the number of grains ascribed 
to a specific twin agrees reasonably well with its 
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relative importance as a deformation mechanism. 

Unfortunately grains were not obtained in 
crystals deformed exclusively by slip, where 
they should be related to the crystal orientation 
only. The apparatus used in the compression 
studies was fitted with one compression platen 
free to move in a direction normal to the load, 
and end restraints were minimized. Samples 
deformed by slip alone would not be expected to 
recrystallize since the deformations approached 
pure shear. 

Calais, Lacombe and Simenel 18) have reported 
orientation data for grains grown in a single 
crystal deformed by (010) kinking; the orien- 
tations were related to the deformed crystal 
only. The authors also gave results for samples 
deformed primarily by {130} or {112} twinning. 
The data for five samples were subjected to 
stereographic treatment like that for the 
present work; final groupings are shown in 
fig. 5. The average rotation axis was located 
82.5° from the [100], 52.5° from the [010] and 
38.5° from the [001], with a rotation magnitude 
of 19°. These are in fair agreement with the 
present work. In treating the data, some twin 
orientations other than those recorded as oper- 
ative had to be assumed; from the tensile 
deformation directions, the orientations con- 


®@ (100) 
© (010) 
© (001) 


(100) 


Fig. 5. Grouping of principal poles of recrystallized 
grains for five crystals deformed in tension 18) 
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sidered were reasonable. It is gratifying to find 
substantial agreement for the two sets of data. 
This argues strongly for the validity of the 
method for treating the data and, particularly, 
for the procedure of considering recrystallized 
grains to originate from twinned material. 

To check the applicability of the orientation 
relationship to polycrystalline materials, re- 
crystallization textures constructed from defor- 
mation textures and the relationship have been 
compared with those reported for the material. 
The agreements found were good; two works 
are of particular interest. 

The only quantitative fiber texture data are 
those of Jetter and McHargue 18) who reported 
70 volume per cent of the structure associated 
with the major deformation component and 
30 % with the minor. After annealing, 65 % of 
the structure was associated with the major 
recrystallization component and 35 °% with the 
minor. Upon applying the recrystallization 
relationship to the deformation texture compo- 
nents, it was found that part of the major 
recrystallization texture was supplied by the 
minor deformation component and the rest was 
supplied by half of the major deformation 
component. The remaining half of the major 
deformation component supplied the minor 
recrystallization component. The percentage 
of the constructed recrystallization components 
agree exactly with the reported amounts. 

Mueller, Knott and Beck !4) reported defor- 
mation and recrystallization textures for urani- 
um sheet. The author’s ideal components are 
depicted graphically in fig. 6 with respect to 
rolling direction (R.D.) and plane of the sheet 
(plane of the paper). The deformation compo- 
nents are shown in the upper left quadrant; 
their identities are given by the indicated 
principal pole symbols and by numbers. The 
positions are not depicted in true spatial 
relationship; however, the representation is 
sufficient since the sheet was rolled so as to make 
the data symmetrical about the transverse and 
rolling directions. One principal pole of the 
ideal recrystallization components are plotted 
in each of the other three quadrants. The 
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IDEAL 
DEFORMATION RECRYSTALLIZATION 
TEXTURES TEXTURES 


(100) 


RECRYSTALLIZATION RECRYSTALLIZATION 
TEXTURES TEXTURES 
(001) (C10) 

# (100) © (010) “9 (001) 
Fig. 6. Ideal deformation and_ recrystallization 
texture components of alpha-uranium sheet !4). 


Circular points represent ideal components, and x’s 

represent recrystallization components constructed 

from ideal deformation components and recrystal- 
lization orientation relationship. 


locations of recrystallization components con- 
structed from the deformation components and 
the recrystallization orientation relationship are 
plotted as “X’’; the numbers refer to the ideal 
deformation textures from which they origi- 
nated. 

The agreement between observed and con- 
structed components was reasonably good with 
the exception of number 5. None of the con- 
structed (100) and (001) positions lie close to their 
respective poles; although, the (010) pole was 
in an area of agreement. This component was 
reported as the least important. The best agree- 
ment occurs for number 6 recrystallization 
component and the positions constructed from 
number 2 deformation component. All three of 
the reported poles were centrally located with 
respect to the constructed poles. Number 2 
deformation and number 6 recrystallization 
components were reported as most important. 

The magnitude of rotation about the axis 
common to the deformed and recrystallized 
orientations for orthorhombic alpha-uranium 
agrees reasonably well with that reported for 


146 


cubic and hexagonal metals, namely 20° to 40°. 
The recrystallization relationship, however, 
differs from that for the higher symmetry metals 
because rotation is not about an axis normal to 
the most densely populated (and slip) planes. 


5. Conclusions 


The orientation relationship between re- 
crystallized grains obtained upon annealing 
single crystals of alpha-uranium after compres- 
sion at room temperature and the deformed 
orientations present in the crystals can be 
expressed as 27.5° rotations about axes located 
70.0° from the [100], 63.5° from the [010] and 
34.0° from the [001]. Rotations for the axes 
in the first and third quadrants of a (001) 
standard projection were in a clockwise direction 
and counter-clockwise for axes in the second 
and fourth quadrants. In arriving at this 
relationship, the grains were considered to 
originate from twin orientations as well as from 
the parent crystal. The twins necessary to 
explain the recrystallized grains corresponded 
exactly with the operative twins. 

The same type of relationship was obtained 
from orientation data reported by Calais, 
Lacombe and Simenel for recrystallized grains 
grown by annealing single crystals deformed in 
tension at room temperature. Comparison of 
recrystallization textures for polycrystalline 
alpha-uranium rods and sheets with ones 
constructed from the deformation textures and 
the orientation relationship showed good 
agreement. 
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The production of displaced atoms by processes 
resulting from thermal neutron capture are discussed. 
The results of an approximate calculation are pre- 
sented which indicate that, in a number of elements, 
the number of displaced atoms produced by the recoil 
following capture 
appreciable fraction of the total number of displaced 
atoms produced in a reactor experiment. The unique 
features of the radiation damage produced by thermal 
neutrons are noted, and some considerations attendant 
upon isolating and using such reactions in damage 
experiments are discussed. 


y-ray emission may form an 


L’auteur discute le déplacement d’atomes dt aux 
processus résultant de la capture de neutrons thermi- 
ques. II présente les résultats d’un calcul approché qui 
indiquent que, pour certains des éléments, le nombre 
des atomes déplacés produits par le recul qui suit une 
émission gamma de capture peut former une partie 
appréciable du nombre total des atomes déplacés 
produits dans une expérience en cours dans le réacteur. 


1. Introduction 

When materials are irradiated in a reactor it 
is generally assumed that fast neutrons are 
primarily responsible for the displacement of 
atoms leading to observable radiation effects. 
In certain cases, however, the thermal neutron 
flux may be responsible for a major portion 
of the damage. This paper considers such 
thermal neutron effects in various elements. 
The major thermal neutron damage process is the 
production of displaced atoms by atom recoils 
following emission of prompt capture y-rays. 
In general, one can neglect the damage pro- 
duction due to recoils following decay f-rays 
and y-rays, since the recoil energies produced 
this way are much lower than those resulting 
from prompt y-ray emission. The production of 


Les caractéres uniques des effets des irradiations par 
neutrons thermiques sont notés et quelques considéra- 
tions sur la possibilité d’isoler et d’utiliser de telles 
réactions dans les expériences de dommage par 
irradiation sont discutées. 


Die Entstehung atomarer Fehlstellen als Folge von 
Prozessen, die vom HEinfang thermischer Neutronen 
herrthren, wird besprochen. Hierzu werden die 
Ergebnisse einer naherungsweisen Berechnung ange- 
fuhrt. Daraus geht hervor, dass bei einer Reihe von 
Elementen die Zahl der atomaren Fehlstellen, die 
durch die Riickstésse bei y-Emission infolge von 
Hinfangprozessen erzeugt werden, einen merklichen 
Teil der Gesamtzahl atomarer Fehlstellen ausmacht, 
welche beim Reaktorexperiment entstehen. Die ausser- 
ordentlichen Merkmale der Strahlenschadigung infolge 
von thermischen Neutronen werden herausgestellt. 
Ferner werden Uberlegungen angestellt, welche sich 
aus der Trennung und Anwendung solcher Reaktionen 
bei Bestrahlungsexperimenten ergeben. 


damage by the subsequent interaction of emitted 
radiations with nuclei other than the parent 
nucleus can also be neglected as this is a second 
order effect. In certain special cases, de-exci- 
tation of a nucleus following thermal capture 
involves the emission of a fast heavy particle. 
These reactions have long been recognized and 
studied and will not be considered further here. 
In what follows, therefore, we will consider 
only the production of defects arising from 
(n, y) reactions. 

Schweinler !) recently called attention to this 
process in Si and Ge. We discuss here the 
results for a number of elements obtained on 
the basis of an approximate calculation. It is 
shown, for an assumed ‘“‘typical” reactor 
irradiation, that the thermal neutron induced 
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displacement damage may be a significant 
fraction of the total displacement damage in 
about 30 elements. The unique character of the 
damage produced by thermal neutrons is noted, 
and some considerations involved in using this 
as a tool for radiation damage research are 
discussed. 


2. Calculation of Displaced Atom Concen- 
trations 


We discuss first the calculation of damage 
production by slow neutron (n, y) reactions. 
Following this, the damage production by fast 
neutrons is calculated and compared with the 
slow neutron rates. 

In order to calculate the damage produced 
by recoiling atoms, it is necessary to know their 
energies. If all the excitation energy of a cap- 
tured neutron is released as a single y-ray of 
energy H (in MeV), then the recoil atom has a 
unique energy 7' (in MeV) given from momentum 
conservation as 


537 EB? 
uae 10-6 (1) 


T= 


where A is the atomic weight. H is generally 
re 6 MeV, and, therefore, 7’ may be several 
hundred electron volts. Since the threshold 
energy for the production of radiation damage 
is only about 25 eV, such energetic recoils can 
produce extensive damage. 

If we let gy; be the flux of thermal neutrons 
and o; the capture cross section, then the 
fraction of atoms in a thin specimen which 
capture neutrons and hence recoil is given by 
giot. If each of these recoils forms an average 
total number of displaced atoms equal to it, 
then the total fraction, Ft, of displaced atoms 
produced in the target is given by 


F,= PtOrt. (2) 


For moderately heavy elements, Dienes and 
Vineyard 2) give 


POT /2T 4, (FST) (3) 


where 7a is the threshold energy for damage 
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production. Combining these expressions we 
obtain 


269 Bg ar 


—6 
Fs ae x 10-6. (4) 


Unfortunately, the excitation energy is not 
usually released in a single y-ray. Generally, 
many y-rays are emitted in cascade. If their 
emission time is short compared to the recoil 
atom collision time, the final relevant recoil 
energy is determined by both the magnitude 
and angular correlation of the various y-rays. 
If the emission times are longer than the 
collision times, then the individual y-rays in the 
cascade can be treated separately. The emission 
time depends strongly on the nature of the 
transition involved and for energetic electric 
dipole transitions can be much shorter than the 
recoil collision times. Since the necessary 
angular correlation data and detailed level 
schemes necessary to properly treat the problem 
are not known, we have adopted the following 
crude model to evaluate the recoil energies 
following y-emission. In a cascade process, if 
the initial y-ray has an energy between Emax 
and 4 Emax, then it must be followed by lower 
energy y-rays. Neglecting angular correlation, 
these secondary y-rays serve only to broaden 
the nuclear recoil energy characteristic of the 
initial high energy y-ray. As a simplification 
in calculating the damage, we arbitrarily count 
only those captures in which such a high energy 
y-ray is present. All captures which do not 
yield a y-ray between 4 Hmax and Emax are 
neglected. Specifically, we assume that the 
concentration of defects due to the capture 
process is given by 


Emax 


Fy (2.7 X 10-4) SS E2N(E)aB 5 
AT. (#) ( 


by Emax 


where N(H)d# represents the number of y-rays 
having energies between H and H+dE per 
neutron capture. 

We wish now to calculate the damage 
produced by fast neutrons. In this case the 
elastic scattering of the incident neutrons 
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produces recoil atoms with large kinetic ener- 
gies. In analogy to eq. (2), the fraction, F;, of 
displaced atoms in a thin target is given by 


F's= propre (6) 


where o; is the fast neutron scattering cross 
section. If the energy of the bombarding 
neutrons is W (in MeV), then the average 
energy of the recoil atoms is given approxi- 
mately by ?) 


= AW 13W 
Using eq. (3) this gives 
0.65W 


In a reactor there is a wide spectrum of fast 
neutron energies, and the calculation of the 
concentration of displaced atoms becomes 
quite difficult. A conventional approximation 
(see, for example, ref.2)) is to use eq. (8) which 
is appropriate for a unique neutron energy and 
treat the parameters therein as appropriate 
average values. For example, W is typically 
taken as 1 MeV, and gq; is then defined as the 
equivalent flux of such energy neutrons. 

We consider now the relative importance of 
slow and fast neutron damage production in a 
reactor. If we define R as the ratio of defects 
produced by thermal neutrons to those pro- 
duced by fast neutrons the foregoing discussion 
gives 


a 
Emax 


4) (=) i B2N(B)dE. (9) 


(4x 10-4) 
ky —— 


Both (o;/o) and the capture y-ray spectra vary 
widely, and it is necessary to consider these 
quantities for each element in order to decide 
whether thermal neutron effects are important. 
In table 1 we have listed rough numerical 
values of Rk. Only those elements with R>0.1 
are included. In preparing this table we took 
yt/gr=10 and W=1 MeV as “‘typical’’ reactor 
values. The thermal neutron cross sections were 
taken from the compilation by Stehn and 
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TABLE | 


Elements in which the amount of damage produced 

by the absorption of thermal neutrons is a significant 

fraction of the total damage in a “typical” in-pile 

experiment. We have assumed a value of 10 for the 

ratio of thermal to fast fluxes and an average energy 
of 1 MeV for the fast neutrons 


Ratio of 
Element | ‘Goss sections, R Ie 
ot /O¢ 

Ag 9 0.5 0 
Ma 19 0.6 0 
Cd 500 20 eee Oe 
Gi 15 2.4% 220 
Co 12 122 330 
Cst 5 0.2 0 
Dy+ 160 4.8 0 
Ert 94 0.7 0 
Eut 61 1.8 5.9 
Ga 5400 81 3.5 x 104 
HE 15 0.6 18 
He 70 pal 6 
Hot 9 0.3 0 
In 30 1.0 0 
Irt 66 1.9 0 
Lut 15 0.5 0 
Mn 5 0.5 0 
Ndt+ 7 0.2 21 
Ost ) 0.1 4.5 
Pr D 0.1 0 
Ret 12 0.4 0 
Rh 22 Lt 0 
Se 10 Ost 0 
Se 2 0:2 15 
Sm 1400 26 170 
Ta 3 0.1 0 
Tbt 6 0.2 0 
Ti 2 0.3 850 
Tmt 18 0.6 0 
V 9 0.3 <= (ai! 
Ww 3 0.1 0.6 
Ybt 5 0.2 0 


Ris the ratio of capture recoil displacements to 
those produced by fast neutrons calculated from eq. (9) 
of text. P is the number of captures leading to stable 
isotopes relative to those which lead to unstable 
isotopes. 

* Includes 20% contribution from the process 
Cl35(n, p)S%. 

+ Detailed y-ray data were lacking, and it was 
assumed. arbitrarily that the spectrum was identical 
to Sm. This probably predicts low values of R since 
Sm has the lowest fraction of high energy y-rays of 
any of the elements included. 
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Clancy 3). Fast neutron data were obtained 
from the papers by Miller ef al.4), Walt et al.*), 
and Okazaki et al.6). Data on the capture y-ray 
spectra were taken from the compilation by 
Bartholomew and Higgs’). Values for the 
noble gases are not included in table 1. 

We wish to emphasize the approximate 
nature of these calculations. Both the basic 
radiation damage theory and the treatment of 
the y-ray recoils are of uncertain validity. The 
values in table 1 should therefore be regarded 
as rough estimates. It is well known that 
the theory outlined above overestimates fast 
neutron damage. However, in the case of 
electron bombardment — where small recoil ener- 
gies are involved—the overestimation is not 
nearly so much. Since the recoil energies for the 
(n,y) events are small compared to those 
produced by fast neutrons, the above calculation 
probably overestimates the fast neutron 
damage relative to the slow neutron damage. 


3. Discussion 


The results listed in table 1 indicate that 
there are some thirty elements in which, in 
either their pure states or in chemical com- 
pounds, displacement effects produced by 
thermal neutrons might form an important 
part of the damage. Whether or not they will 
do so in a particular experiment depends on a 
number of factors, such as the nature of the 
compound used, the actual ratio of thermal 
and fast fluxes, shielding, etc. Although it is 
not expected that these considerations will 
affect any of the qualitative conclusions of prior 
work, it seems possible that thermal neutron 
displacements have played a role in certain 
experiments. Experiments with and without 
a Cd shield obviously can be used to single 
out such thermal neutron effects. 

It should be noted that the derivation of R 
is based on the assumption that the attenuation 
of the neutron fluxes is negligible throughout 
the sample being considered. However, many 
of the elements in table 1 have very high thermal 
cross sections. In this case the thermal neutron 
effects will be produced only in a shallow layer. 
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Therefore, the effects treated here may be 
important only for thin samples or for surface 
phenomena. 

So far we have discussed the displacement of 
atoms by thermal neutrons in the presence of 
a large flux of fast neutrons. If the samples 
are removed to a position where the fast flux 
is negligible, it should be possible to isolate the 
thermal neutron effects and use them as a tool 
for radiation damage research. Such an experi- 
ment has been performed by Cleland 8). The 
thermal neutron reactions have the unique 
advantage that they tend to produce small 
clusters of defects starting with a recoil nucleus 
of a more or less well defined energy. As such 
they would complement conventional methods 
of producing radiation damage which produce 
quite different defect distributions. 

An important factor in considering the use 
of (n, y) reactions to produce damage is the 
absolute magnitude of the absorption cross 
section. This determines whether observable 
effects can be achieved in reasonable irradiation 
times. It is particularly important if it is 
necessary to move samples to positions where 
yt/vt >> 10, as this may entail a loss of absolute 
intensity. In general, the elements listed in 
table 1 are those with the highest thermal cross 
sections, and hence are the most suitable in 
which to obtain observable effects. Note, 
however, that Ge, in which Cleland did observe 
such effects, does not appear in table 1. This 
illustrates that presently available thermal 
neutron fluxes are sufficient to cause measurable 
damage. 

Quite apart from the absolute cross sections, 
the utility of such experiments depend to a 
large extent on how well the average recoil 
energy can be defined. This, in turn, depends 
on the spectrum of the capture y-rays. 
Mittleman ®) has grouped y-ray spectra into 
two major classes. In the first class the ground 
state transition is dominant, and one high 
energy y-ray dominates. Examples given by 
Mittleman of such elements are Al, Be, Bi, C, 
Cr, Cu, F, H, Fe, Pb and Ni. In the second 
class many y-rays are present. It is further 
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useful to divide this second class into a group 
(2a) in which the spectrum consists of a number 
of well resolved lines and a group (2b) in which 
the spectrum is for the most part unresolved. 
Group 2a may be useful if only several lines 
dominate the spectrum. Ti is an example in 
this last group where two closely spaced lines 
at 6.8 and 6.4 MeV have a total intensity ~ 70 
per hundred captures. 

An interesting complication arises in con- 
nection with the use of thermal neutrons to 
study displacement damage. If the resulting 
nucleus decays to a new atomic number, then 
every absorption results in a chemical impurity. 
Such impurities can affect the study of radiation 
damage in several ways. In the first place, they 
contribute a constant change which does not 
recover upon annealing. Secondly, as shown by 
Blewitt et al°) and Walker and Corbett 14), 
they can interact with the displaced atoms and 
modify both the production and recovery of 
the damage. It is therefore important to consider 
how many chemical impurities are introduced 
by transmutations. In table 1 we have included 
a parameter P which is defined as the number 
of captures which lead to stable isotopes 
(defined arbitrarily by the condition ty >1 
year) divided by the number of captures which 
lead to different atomic numbers. The data 
were taken from the compilation by Strominger 
et al.12). In certain cases, as for example in Au, 
the decay time is such that it should be possible 
to study the recovery of the radiation damage 
under the two conditions: (a) where not many 
atoms have decayed and (b) where essentially 
all the atoms have decayed. Thus it would be 
possible to study the effects of a specific 
impurity in close proximity to a cluster of 
displaced atoms. 


4, Conclusions 


We have considered the production of dis- 
placed atoms by nuclear recoils resulting from 
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the emission of capture y-rays following thermal 
neutron absorption. We have concluded that 
for a number of elements such recoils may 
produce a significant fraction of the total 
radiation damage measured in a “typical’’ in- 
pile experiment, where both fast and slow 
neutrons are present. The unique character of 
the radiation damage produced by capture 
y-ray recoils has been noted, and we have 
briefly discussed some of the considerations 
attendant upon using these thermal neutron 
displacement effects as a tool for radiation 
damage research. 
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Dans les alliages uranium-molybdéne de _ teneur 
0,5 a4 % en poids de Mo, deux processus de formation 
de la phase « ont été mis en évidence. Pour les alliages 
de teneurs inférieures 4 0,9 %, la transformation se 
fait & partir de la phase f avec une trés importante 
hystérésis. Pour les alliages de teneurs supérieures 
a 0,9 %, il y a précipitation lamellaire de phase « 
dans la matrice y, la microstructure présente alors 
un grain fin. 

Une corrélation a été établie avec le diagramme 
d’équilibre, les limites des domaines de stabilité des 
zones B et (6 + y) du diagramme U-Mo ont été 
déterminées: le maximum de solubilité solide en 
phase f se trouve a 0.9 %. 


Two mechanisms of a-phase transformation have 
been revealed in uranium-molybdenum alloys with 
a 0.6 to 4% Mo weight content. In alloys with 
contents up to 0.9 %, the transformation occurs from 
the « phase with a very important hysteresis. In alloys 


1. Introduction 


Les alliages uranium-molybdéne de faibles 
teneurs ont été objet d’une précédente étude 
dans laquelle nous avons déterminé les pro- 
priétés technologiques de ces alliages ainsi que 
les cinétiques des transformations au cours de 
refroidissements continus a différentes vitesses!). 

Cette étude a pour but d’établir les cinétiques 
des transformations isothermes (diagrammes 
T.T.T.) des alliages dont la teneur est voisine 
de 2-3-4 % en poids de Mo. Nous décrirons les 
différentes transformations s’effectuant par des 
mécanismes de germination et croissance. Un 
article ultérieur donnera la description des phases 
formées par un mécanisme de cisaillement. 


with contents higher than 0.9 %, a lamellar precipi- 
tation of the « phase occurs in the y matrix. The 
microstructure shows then a small grain. 

A correlation has been established with the equi- 
librium diagram. The limits of the areas of stability 
of B and (6 + y) of the U-Mo diagrams were deter- 
mined: the maximum of solid solubility in the f phase 
occurs at 0.9 %. 


Bei Uran-Molybdan-Legierungen mit 0,5 bis 4 Gew. % 
Mo wurden zwei Arten der Umwandlung in die «a- 
Phase aufgedeckt. Bei Legierungen mit Gehalten 
unter 0,9 % lauft die Umwandlung mit betrachtlicher 
Hysterese ab. Bei Legierungen mit mehr als 0,9 % Mo 
findet eine Ausscheidung von lamellaren «-Kristallen 
in der y-Matrix statt. Dabei zeigt sich ein feinkérniges 
Gefiige. 

Eine Beziehung zum Zustandsdiagramm wurde 
festgestellt. Die Grenzen des f-Bereichs und des 
(B -- »)-Bereichs wurden ermittelt: die maximale 
Léslichkeit in der B-Phase liegt bei 0,9 %. 


Certaines limites du diagramme d’équilibre, 
dans la région des faibles teneurs en molybdéne, 
ont été précisées, en particulier les limites 
séparant les domaines 


BIB+y, Bryly eb Bryla+y. 
Ceci nous a conduit 4 établir une corrélation 
entre la taille du grain des alliages bruts de 
coulée et le diagramme d’équilibre. 


2. Matériaux utilisés 


Les alliages ont été préparés, soit par fusion 
et coulée sous vide (chauffage en haute fré- 
quence), soit par fusion au four & are. 

L’uranium utilisé est uranium ordinaire CEA 
contenant entre 80 et 200 ppm de Al, Fe, Ni, 
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Cr, Mn, environ 100 ppm de carbone et 100 ppm 
de silicium. 

Le molybdene employé est sous forme de 
pastilles frittées contenant environ 150 ppm 
dimpuretés métalliques et 100 ppm de carbone. 

Les alliages de teneur en molybdeéne allant 
jusqu’a 3 % en poids ont été préparés par fusion 
en haute fréquence dans un creuset de graphite 
brasqué avec de la thorine. La coulée en chute 
permet l’obtention de barreaux de diamétre: 
16 ou 26 mm et de longueur: 200 mm. 

L’alliage de teneur en molybdene 4 % en 
poids a été préparé par fusion au four a arc, avec 
électrode de tungsténe, lalliage est obtenu apres 
3 fusions, sous forme de lingotins plats d’environ 
150 g. Les résultats des dosages de molybdéne 
sont donnés au tableau 1. 


TABLEAU 1 
Teneur en molybdeéne des alliages 


Désignation Molybdeéne 
de Valliage (poids pour cent) 
U-Mo 0,5 0,54 a 0,57 
0,8 0,73 a 0,81 
0,9 0,9 a 0,95 
1 1 a 1,15 
Ws ia ale 6 
2 2,02 a 2,05 
3 3,04 a 3,1 
4 4,2 a 4,4 


La teneur en carbone varie de 110 a 650 ppm 
pour les alliages 0,5 4 3. Elle est d’autant plus 
grande que la concentration en molybdéne est 
plus élevée. Ceci est dG au mode de fabrication 
des alliages. La fusion étant effectuée dans des 
creusets de graphite, la mise en solution du 
molybdéne nécessite des maintiens au-dessus du 
point de fusion d’autant plus longs que l’alliage 
est plus chargé en molybdéne. 

Nous avons examiné quel était l’effet de cette 
teneur en carbone, d’une part sur de ’uranium 
auquel étaient ajoutés 500 ppm de carbone sous 
forme de monocarbure (UC), d’autre part sur 
les alliages uranium-molybdeéne. 

Dans les deux cas, l’aspect micrographique 
montre la dispersion du monocarbure sous forme 
dinclusions cubiques, et les diagrammes de 
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rayons X montrent deux raies caractéristiques 
de UC trés fines et d’intensité moyenne. 

Des traitements de 200 h a 950° C n’apportent 
aucune modification, ni dans l’aspect micro- 
graphique, ni dans les diagrammes de rayons 
X. Ceci s’explique par la tres faible solubilité 
solide du carbone dans chacune des phases allo- 
tropiques «, 6, y de Vuranium. 


3. Méthodes et appareillage 


3.1. Dracramues T.T.T. 


Nous avons établi les tracés des courbes 
T.T.T. en effectuant des traitements thermiques 
de trempes étagées. 

Des échantillons de 80 g environ ont subi un 
traitement d’homogénéisation sous vide de 
10-5 mm Hg, a 900 ou 950°C pendant des 
durées variant de 24 4 250 h, suivant la concen- 
tration en molybdene et le mode de fabrication, 
ils ont ensuite été trempés en bain d’huile. Le 
four est montré figure 1. Ce traitement d’homo- 
généisation a eu pour but de limiter le traite- 
ment ultérieur en phase y a quelques minutes. 


Les trempes étagées comportaient: 
le traitement en phase y de 3 a 5 min a 950° C, 
la trempe isotherme a chacune des températures 
choisies au-dessous de la température de trans- 
formation, pendant des durées échelonnées de 
10 secondes & une centaine d’heures, la trempe 
finale en bain d’huile ou a leau salée glacée. 


Ces trempes étagées sont effectuées sur des 
échantillons de 20 g environ, par passage dans 
des bains de sels ou d’alliages présentant un 
point eutectique 4 bas point de fusion. Ce mode 
opératoire est utilisé pour les alliages dont 
la période d’incubation est courte (quelques 
secondes) et pour lesquels la durée de traitement 
isotherme ne dépasse pas quelques heures. 

Lorsque la période d’incubation est longue, 
nous avons utilisé un appareillage constitué par 
deux fours Chevenard verticaux de 2 kW, 
superposés (fig. 2). L’enceinte est maintenue 
sous un vide de 10-> mm Hg, le four supérieur 
est a 950° C et le four inférieur a la température 
isotherme choisie. Le passage d’une température 
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A, Fours pour traitements d’homogénéisation 
et trempe en bain d’huile (sous vide primaire). 
B, Fours pour traitements d’homogénéisation et 
trempe eau, huile ou bain métallique (sous vide 
secondaire). 


a Vautre se fait en une durée variant de 3 a 
6 minutes, et la trempe finale se fait par ouver- 
ture dune porte inférieure et descente du porte 
échantillon dans un bain d’eau ou d’huile. Cet 
appareil n’est utilisable que pour les alliages 
présentant des cinétiques lentes: cas de l’alliage 4. 


3.2. DIAGRAMME D’£QUILIBRE 


La méthode utilisée comporte des traitements 
thermiques en bains de sels a différentes 
températures, suivis de trempes en bain d’huile. 

Les traitements ont été effectués soit en 
portant directement les échantillons de la 
température ambiante aux différentes tempé- 
ratures pendant des durées de 20 h, soit par 
traitements de 30 min a 950° C suivis de trempe 
isotherme de durée 20 h. 
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Les deux catégories de traitements énoncées 
ci-dessus ont donné, dans la plupart des cas, 
des résultats identiques quant a la nature des 
phases observées sauf pour Valliage 0,5 pour 
lequel une durée de 20 h n’est pas toujours 
suffisante pour la transformation. 

Dans les deux cas les résultats des trans- 
formations ont été observés par examens micro- 
graphiques, par rayons X et par mesures de 
dureté. 

Les méthodes d’examens micrographiques ont 

été préalablement décrites *). 

La diffraction des rayons X a été faite au 

diffractométre & compteur, avec le rayonne- 

ment polychromatique du cuivre et les 
examens sont effectués sur des échantillons 


massifs polis électrolytiquement. 

Les mesures de dureté sont effectuées a la 
température ambiante sous charge de 40 kg 
(durométre Vickers). 


Fours pour traitements isothermes de longues 
durées. 


Fig. 2. 
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4. Diagramme d’équilibre 


DESCRIPTION DES DIAGRAMMES D’EQUI- 
LIBRE PUBLIES 


4.1. 


Le diagramme d’équilibre uranium-molyb- 
dene (fig. 3) a été établi par Saller, Rough et 
Vaughan 2) et Saller, Rough et Bennett °). 

Les solubilités solides du molybdéne dans 
chacune des 3 phases allotropiques de uranium 
y, B, x, ont donné lieu & beaucoup de contro- 
verses. 


a. Solutions solides y 


La solubilité solide du molybdéne dans la 
phase y de l’uranium est trés importante. Elle 
atteint 22,6 % en poids au point péritectique 
(1285° C). 

A 575° C et 11,3 % de Mo se trouve un point 
eutectoide correspondant a la transformation 
de y en (x+¥’). La phase y’ s’étend de 16417 % 
en poids de Mo, ce qui correspond approxi- 
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(Saller, Rough et Bennett 3)). 
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mativement 4a la composition UszMo; y’ est 
quadratique 4) et est considéré comme une 
phase ordonnée de y. 

D’aprés Konobevsky *) le point eutectoide se 
trouve 4 9,8 % en poids au lieu de 11,3 % en 
poids et 560°C au lieu de 575° C. 

Dans les teneurs en Mo voisines de la compo- 
sition eutectoide, un refroidissement rapide 
permet la rétention de solutions solides y, 
métastables, & la température ambiante. 


b. Solutions solides B et x 

D’aprés le diagramme d’équilibre de Saller, 
Rough et Vaughan 2) la zone de stabilité de la 
phase f est abaissée jusqu’a 685° C pour une 
teneur de 0,4 °4 en poids de Mo, correspondant 
& un point eutectoide 6 > «+y, la solubilité 
solide en phase « est de 0,2 % en poids de Mo 
a 600° C. 

Dans l’intervalle de concentration 0,4 a 2,5 % 
en poids de Mo et au-dessus de 658°C est 
située une zone de deux solutions solides (6+ y) 
et au-delaé de 2,5 % il y a passage direct de 
y & (o+y). 

D’aprés Konobevsky *) le maximum de solu- 
bilité solide du molybdeéne en phase f est beau- 
coup plus important: 1,2 % en poids de Mo 
au lieu de 0,4 9% en poids a une température 
eutectoide de 635°C au lieu de 658°C. La 
solubilité en phase « est fixée a environ 0,98 % 
en poids de Mo. 

Dwight 6) a présenté un autre tracé du 
diagramme d’équilibre sur lequel la limite, entre 
les domaines (x+y) et (B+y) est située a 
637 + 3°C et le domaine (6+ y) étendu jusqu’a 
une concentration de 4 % en poids de Mo. La 
solubilité solide maximum en phase f est de 
0,5 % en poids et la solubilité solide maximum 
en phase « reste a 0,2 % en poids. 

Ces résultats montrent des différences im- 
portantes et il était ainsi nécessaire pour étudier 
les processus des transformations et, en parti- 
culier, pour établir le tracé des courbes T.T.T. 
au voisinage des températures d’équilibre, de 
déterminer certaines limites du diagramme avec 
Vuranium CEA dont nous disposions et avec les 
alliages utilisés pour notre étude. 
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4.2. 

Les résultats obtenus ont permis d’établir le 
tracé de la figure 4, la limite entre les domaines 
(x+y) et (B+) se trouve entre 640 et 650° C 
soit 645+ 5°C. 

La solubilité solide maximum en phase / est 
située a 0,9 9% en poids de molybdeéne pour la 
température de 645 + 5° C, tandis que la limite 
de solubilité solide en phase «, que nous n’avons 
pas précisée, est considérée trés inférieure a 
0,5 % en poids & la méme température. 

La limite entre les domaines (f+y) et y 
s’étend de 772°C pour Vuranium pur a 645 + 
5°C pour la teneur 3,5 % en poids de Mo 
environ. 


RESULTATS 


Température °C 


A 
800 { e 


+O) 


4 8 Atomes%/o 
= | 


AKt¥' 


Poids % 
500 > 
0 1 2 3 4 


Fig. 4. Diagramme d’équilibre uranium-molybdéne 


(Lehmann). 


4.3. DISCUSSION 


Ce tracé présente une certaine similitude avec 
celui de Dwight, en particulier en ce qui con- 
cerne le prolongement du domaine (8+ +) vers 
des teneurs supérieures A 2,5 % en poids, 
cependant le maximum de solubilité solide en 
phase £ est plus important: 0,9 °4 en poids au 
lieu de 0,5 °%% en poids. 

La limite entre les domaines (« ++) et (8+y) 
se trouve située, sur notre tracé, & 645° C soit 
a une valeur intermédiaire entre celle donnée 
par Saller, Rough et Vaughan (658° C) et celles 
données par Dwight (637°C) et Konobevsky 
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(635° C). Les conditions expérimentales des 
différents auteurs sont trés voisines, a l’excep- 
tion de celles de Konobevsky qui a déterminé 
la limite de solubilité en phase « par mesures 
des variations des parameétres cristallins. 


5. Diagrammes T.T.T. 


Les courbes de transformations isothermes ont 
été établies pour les alliages 2, 3, 4 et comparées 
a celles de l’alliage 0,5. 

D’aprés le diagramme d’équilibre, jusqu’a 
une teneur en Mo de 3,5 % en poids environ, il 
y a passage de la zone y a la zone de stabilité 
(6+y), mais nous avons observé que les trans- 
formations sont trés lentes au voisinage de 
Véquilibre et les retards aux transformations 
sont trés importants. 

Les trempes étagées a partir de la zone y aux 
températures comprises entre 645°C et les 
points Ms, produisent une transformation 
directe y > « sans passage intermédiaire par 
la phase f. 

Les cinétiques des alliages étudiés dans cette 
zone montrent que les transformations peuvent 
sopérer selon deux mécanismes. Dans un 
domaine situé entre 645° C et le point Ms, les 
transformations se font par germination et 
croissance. Nous avons déterminé dans cette 
zone deux domaines correspondants: 


Pun a la transformation y > «+y entre 645 et 
570° C 

autre a la transformation y+ «+y’ entre 
570° C et le point Ms. 


Dans le domaine situé entre le point Ms; et 
la température ambiante, la transformation 
s’opére par cisaillement, la microstructure 
martensitique observée est une structure en 
bandes désignée ap’ +’) nous ne décrirons pas 
cette structure dans cet article. 


5.1. TRANSFORMATION y > a+y 
a. Hxamens micrographiques 


Des trempes étagées de 950° C aux tempéra- 
tures 630, 620 et 600° C produisent une précipi- 
tation de phase « sous forme de lamelles 


t ,” @aprés nouvelle nomenclature. 


Fig. 5. U-Mo 3 % en poids, 950°C, 3 min. Trempe Fig. 7. U-Mo 3 % en poids, 950° C, 3 min. Trempe 
a 640°C, 1 h. Trempe a Vhuile. x 450. a 640°C, 6 h. Trempe a Vhuile. x 450. 


Fig. 6. U-Mo 3% en poids, 950° C, 3 min. Trempe Fig. 8. Mise en évidence des grains aciculaires par 
a 640°C, 1 h. Trempe a lhuile. x 450. examen en lumiére polarisée. x 150. 
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rectilignes orientées suivant plusieurs directions 
dans la matrice y formée de gros grains poly- 
gonaux. 

Des traitements isothermes de durées crois- 
santes ont permis de suivre la progression de la 
transformation. La figure 5 montre le début de 
la précipitation des lamelles « perpendiculaire- 
ment aux joints de grains y. 

Les échantillons examinés a la température 
ambiante montrent que la matrice s’est trans- 
formée au cours de la trempe finale par un 
mécanisme de cisaillement (fig. 6). 

Quelques lamelles isolées sont visibles dans la 
matrice, elles constituent l’étape initiale de la 
précipitation. L’étape finale est une décompo- 
sition lamellaire constituée par les phases « 
et y (fig. 7); ces lamelles paralléles sont groupées 
par paquets de méme orientation, facilement 
mis en évidence par examen micrographique 
en lumiére polarisée, si bien que l’observation 
a faible grossissement ( x 150) donne l’aspect de 
grains fins et anguleux de 20 a 50 wu (fig. 8). 


b. Mesures de dureté 


Les mesures de dureté Vickers ont été 
effectuées apres traitements de durée croissante 
a 600° C. On observe un maximum de 360 qui 
correspond a la décomposition lamellaire com- 
plete («+y). Lorsque les traitements sont 
prolongés au-dela de la fin de la transformation, 
on observe un faible abaissement de la dureté 
jusqu’a 320 (figs. 9 et 10). Cette valeur est 


\ 


supérieure a celle de la dureté de la solution 


Dureté Vickers 4 température ambiante 


200 = 
er rank ee ne Bee hear at 48h _100h 
107 10” 10° 10° Secondes 
Fig. 9. Alliage U-Mo 3% en poids. Courbes de 


duretés. 
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Dureté Vickers a température ambiante 


600;— — 


_ 


125) 


Fig. 10. Alliage U-Mo 4% en poids. Courbes de 


duretés. 


solide w, a gros grains, de l’alliage 0,5 qui est de 
275 seulement; elle est également supérieure a 
celle des solutions solides y qui est toujours trés 
faible et ne dépasse pas 180. 


c. Diffraction des rayons X 


Les diagrammes obtenus avec le rayonnement 
K, du cuivre montrent la présence de deux 
phases: « et y. 


5.2. TRANSFORMATION y > a«+y’ 


a. Hxamens micrographiques 


Dans un domaine de température s’étendant 
entre 570° C et le point Ms, une transformation 
dun type trés différent se produit. Nous l’avons 
étudiée plus particulicrement dans le cas de 
Palliage 3 mais elle suit le méme processus dans 
le cas des alliages 2 et 4. La transformation 
débute par lapparition de phase «, qui, dans 
le domaine de température situé entre 560 et 
500° C se distingue facilement par examen 
micrographique en lumiére polarisée, et entre 
500° C et le point Ms; n’est décelée que par la 
diffraction des rayons X. 

A 560° C, la taille moyenne des grains « est 
de 60 mw, entre 550 et 500°C elle n’est que de 
5 w, enfin a 475° C, on n’observe aucune action 
sur la lumiére polarisée et il n’est pas possible de 
distinguer la taille des grains par micrographie. 

La microscopie électronique n’apporte aucune 
information supplémentaire, seul, l’examen & 
Vaide de lobjectif a contraste interférentiel 


Fig. 11. U-Mo 3 % en poids, 950° C, 5 min. Trempe 


a 560° C, 5 min. Trempe & Vhuile (lumiére polarisée). 
x 150. 


Fig. 12. U-Mo 3 % en poids, 950° C, 5 min. Trempe 
& 550° C, 15 min. Trempe & Vhuile (lumieére polarisée). 
x 150. 


Fig. 13. U-Mo 3 % en poids, 950° C, 5 min. Trempe 
a 475°C, 1 min. Trempe a Vhuile (contraste inter- 
férentiel). x 150. 


Lp 
ey 


Fig. 14. U-Mo 3 % en poids, 950° C, 5 min. Trempe 


a 475° C, 3 h $. Trempe a Vhuile (lumiére polarisée). 
x 150. 
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permet de mettre en évidence un trés fin 
précipité. Les figures 11, 12 et 13 montrent les 
trois aspects de la phase « décrits ci-dessus. 

Les grains polygonaux de la phase mére: y, 
ont une taille moyenne de 0,5 4 2 mm et leurs 
joints sont bordés par une bande étroite pré- 
sentant un aspect lamellaire. 

Dans le domaine de température situé entre 
560 et 500°C, lorsque les durées de trempes 
isothermes sont prolongées, on observe une 
décomposition en lamelles trés fines d’aspect 
perlitique (fig. 14). 

A 475°C, cette méme décomposition est 
beaucoup plus lente a se produire, le pourcentage 
de phase lamellaire évalué par micrographie 
est de: 


20 % 
40 % 
80 % 
207.775 


aprés 1 h de traitement, 

apres 3 h 4 de traitement, 
apres 48 h de traitement, 
aprés 100 h de traitement. 


Dans le cas de l’alliage 4, la transformation 
nest que de 20 % aprés 100 h a 475°C. 

La transformation décrite ci-dessus corres- 
pond a une décomposition eutectoide de la phase 
y en (xn+y’); la transformation de y débute par 
un rejet de phase « et la décomposition perli- 
tique n’est observable qu’aprés des traitements 
isothermes suffisamment longs, surtout aux 
températures trés peu supérieures aux points Ms. 


b. Meswres de dureté 


Les mesures de dureté Vickers ont été faites 
aprés des durées croissantes de traitements 
isothermes correspondants pour l’alliage 3 aux 
températures 550, 475 et 450° C et pour Valliage 
4 aux températures 550, 500, 450 et 400°C. 
Sur les figures 9 et 10 sont portées les courbes 
de dureté comparées aux courbes obtenues pour 
ces mémes alliages dans les zones de décompo- 
sition («-+y) et dans la zone de transformation 
martensitique. 

Nous avons observé un accroissement considé- 
rable de la dureté, celle-ci est d’autant plus 
élevée que la température de transformation 
est plus basse dans la zone («+ 4’); elle est de 
570 dans le cas de lalliage 3 décomposé a 450° C, 
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et de 610 dans le cas de l’alliage 4 décomposé a 
400° C. 

La dureté est un peu moins élevée aux 
températures de 550-500° C, le maximum est 
475 pour les deux alliages. 


c. Diffraction des rayons X 


Nous avons observé l’évolution de la raie de 
diffraction (110) de la phase y, ainsi que les 
positions des raies de diffraction (110), (021), 
(002) et (111) de la phase «. Les diagrammes 
ont été effectués sur des échantillons d’alliage 3 
ayant subi des trempes isothermes de 950° C a 
475° C pendant: 1 min, 20 min, 1 h, 3 h 30 min, 
48 h et 100 h. 


TABLEAU 2 


Diffraction rayons X — Transformations y > « + 7’ 

Nature de la Raies « | Raies y ou y’ 
trempe isotherme Cake Cu K, 
aprés traitement —— 

& 950° C 5 min d hkl d hkl 
———— 
475°C—1min | 2,562 (110) | 

2,473 (raie trés large) 
2,280 — (URE) 
45> €—==30 mine 2.56205 CELO) | 2,415 (110) » 
3520) (021) 
,479 (002) 
RIG5 (PERS 
| 
475°C—1l1h 2,565 _(110)-) 2,390 (110) y 
2,520 (021) 
2,479 (002) 
2,285 (111) 
475° C— 3 h 30 2,565 (110) | 2,390 (110) y 
2,520 (021) 
2,479 (002) 
2,280 (111) 
475° C— 48 h 2,565 (110) | 2,415 ITO) Sy 
2,520 (021) | 2,366 03) y’ 
2,479 (002) 
2,280 (111) 
475° C — 100 h 2,005~ (CULO) 274 05 ve 
2,520 (021) | 2,366 ays 
2,479 (002) 
25280 (111) 
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Le tableau 2 groupe les résultats et les 
diagrammes correspondants sont  présentés 
figure 15. 

Nous constatons: 


Des le début de la transformation isotherme, 
apres 1 min a 475° C, la présence de la raie 
(110) de la phase «, ainsi que celle d’une raie 
trés large recouvrant les positions des raies 
(021) et (002) w et (110) y. 

Apres 30 min, la raie (110) de la phase y est bien 
séparée des trois raies de la phase «. Sa 
position indique que la solution solide y a une 
teneur en molybdéne de 9 a 10 % en poids. 


Apres 3 h 30 min, la raie (110) y a subi un 
déplacement indiquant une diminution de 
parametre de la solution solide et ainsi un 
enrichissement en molybdéne jusqu’a 15 %. 


Apres 48 h, le dédoublement de la raie (110) y 
est observable et apres 100 h, il est tres net 
et correspond aux deux raies caractéristiques 


t 


de la phase y’. 


Fig. 15A. 475°C 1 min. 


d. Corrélation entre micrographie rayons X et 
dureté ; 


La décomposition lamellaire posséde une 
dureté Vickers maximum de 475. Cette valeur 
nest jamais dépassée pour les températures de 
traitement de 550 et 500°C. Il en est tout 
autrement pour les températures situées juste 
au-dessus des points Ms: 450-400°C pour 
Valliage 4, 475-450°C pour Jalliage 3. 

Le maximum de dureté de 570-610 est 
atteint apres des durées de traitement iso- 
thermes qui ne font apparaitre ni la décompo- 
sition perlitique (par micrographie) ni la phase y’ 
(par diffraction des rayons X). Ce maximum 
coincide avec la présence de la phase x répartie 
sous forme de trés fine précipitation dans la 
matrice y qui n’est pas a l’équilibre. 

Lorsque la décomposition perlitique se déve- 
loppe, la dureté s’abaisse rapidement: par 
exemple, elle décroit de 570 a 480 dans le cas 
de l’alliage 3 aprés 1 h de traitement a 475 ° Cla 
proportion de phase perlitique est alors de 20 % 
environ. aguNa Lao! 86. SB-- 7-36 BS. 34 33) “Be 


Nous avons observé également des abaisse- Fig..15B. 475°C 30: min. 


(002) a 
——2))'a 


(110) a 


(10) 


(1) a 


38 36 35° 34°33 —s2 


Fig. 15E. 475°C 48 h. 


Fig. 15C. 475°C 1h. 


= — Woy 


8) F376 $26) 83534 come se 
Fig. 15F. 475°C 100 h. 


42 Al 40 39 


Fig. 15D. 475°C 3h 3. 
U-Mo 8 % en poids. Trempes isothermes & partir de 950° C (rayonnement K, du cuivre, 4 = 1.5405 A). 


Fig. 15. 
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ments de dureté de 610 4 475 dans le cas de 
Valliage 4 qui, aprés 100 h a 400 et 450° C ne 
présente que 20 % environ de décomposition. 

Les diagrammes de rayons X ont montré que 
la décomposition perlitique observée par micro- 
graphie est en premier lieu constituée par les 
phases « et y (de 30 min jusqu’a 48 h de traite- 
ment 4 475°C). Aprés 48 h, la solution solide 
y a atteint la concentration suffisante pour 
donner la phase ordonnée y’ et lorsque la 


4Température °C 
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durée de traitement croit de 48 h jusqu’a 100 h 
la réaction d’ordre y — y’ se produit lentement 
et n’apporte plus aucun changement a l’aspect 
micrographique, (figs. 16, 17, 18). 

Les tracés des courbes T.T.T. ont montré que 
la période d’incubation est trés courte: 10 s pour 
alliage 2, inférieure 4 1 min pour Valliage 3 
et environ 5 min pour l’alliage 4. Les vitesses 
de transformation sont d’autant plus faibles que 
la teneur en molybdéne est plus élevée. 


1OOh 
eed 
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Fig. 16. Alliage U-Mo 2 % en poids. Courbe T.T.T. 
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Alliage U-Mo 3 % en poids. Courbe T.T.T. 
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Fig. 18. Alliage U-Mo 4 % en poids. Courbe T.T.T. 


Le nez des courbes en C est ainsi situé a 525°C 
pour alliage 2 et 500° C pour les alliages 3 et 4. 
Les températures M, respectives sont: 
475/500° C pour Valliage 2, 
425/450° C pour Valliage 3, 
375/400° C pour Valliage 4. 
Dans le cas particulier de l’alliage 4, une phase 
intermédiaire yo a été mise en évidence; elle se 
produit lors de la transformation de y en ap’. 


5.3. 


Différents auteurs ont étudié les mécanismes 
de la décomposition de la phase y dans les 
alliages dont la teneur en molybdéne permet la 
rétention de solutions solides y par trempe®.9.10), 

Dans le cas des alliages de teneur 0,5 a 4 % 
en poids de Mo, la solution solide y n’est jamais 
conservée par trempe a la température ambiante. 
La transformation y—«+y est une précipi- 

tation classique, elle s’opére lors de trempes 

isothermes entre 645 et 570°C ou lors de 
refroidissements continus jusqu’a des vitesses 
denviron 100° C/min. 

La transformation y — «+ y’ est une décompo- 
sition eutectoide de la phase y qui s’effectue 
en deux étapes: 
la précipitation de la phase « trés rapide, 
la réaction d’ordre y — y’ beaucoup plus lente. 


DISCUSSION 


Pour les alliages de forte teneur en molybdéne 
(14 a 15 % en poids) Bostrom et Halteman !!) 
ont observé que la transformation d’ordre y — y’ 
s’effectuait avec une vitesse beaucoup plus 
élevée que celle de la précipitation de la phase «. 

Par contre, pour les alliages a 7,1 °% en poids, 
ces auteurs ont constaté apparition simultanée 
des phases « et y’ sous forme d’un eutectoide 
lamellaire. 

Les alliages étudiés sont situés dans un 
domaine de plus faible teneur en molybdéne 
(0,5 a 4% en poids). Nous avons observé 
également le processus en deux étapes, mais la 
vitesse de précipitation de la phase « est trés 
grande: elle est compléte en quelques minutes, 
alors que, a la méme température la trans- 
formation d’ordre y + y’ est trés lente et ne se 
termine qu’aprés une centaine d’heures. 

Il est nécessaire d’effectuer des traitements 
isothermes de trés longue durée aux tempéra- 
tures ot la vitesse de diffusion est faible (juste 
au-dessus des points Ms) pour atteindre un état 
d’équilibre correspondant 4 un appauvrissement 
en molybdéne de la phase «. Les atomes de 
molybdene ainsi libérés contribuent a len- 
richissement de la matrice y, qui lorsqu’elle 
atteint la concentration suffisante donne la 
réaction d’ordre y > y’. 
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4. Comparaison des alliages 2, 3 et 4 avec 
Valliage 0,5 

Le diagramme d’équilibre montre que l’alliage 
0,5 se trouve en phase £ entre 645 et 690° C. 

La trempe directe a partir de la phase y: 900 ou 
950°C permet une rétention de la phase f, il en 
est de méme pour toutes les trempes isothermes 
de durée maximum 20 s aux températures com- 
prises entre 645° C et la température ambiante. 

Ainsi les courbes de transformations iso- 
thermes correspondent a la transformation d’une 
solution solide f 1). 

Entre 645° C et 360° C cette transformation 
se fait par un mécanisme de germination et 
croissance, c’est la décomposition eutectoide 
fb + «-+-y, la microstructure est formée de grains 
réguliers et est comparable a celle de l’uranium 
pur recristallisé. 

Au-dessous de 360°C la transformation se 
fait par cisaillement et donne une phase « 
martensitique «’’ } 1). 

Les courbes de transformation en refroidisse- 
ment continu ont montré pour cet alliage un 
abaissement trés important de la température 
de transformation qui est fonction de la vitesse 
de refroidissement (fig. 19). 

Les examens micrographiques montrent: 
Apres refroidissements a des vitesses de 2,5 a 

10° C/min, une structure a trés gros grains «, 

irréguliers avec une décomposition eutectoide 

a lamelles trés espacées (a+ y). 


v=5°Cimn 


4 Srate % 
as 5 V=10°Cimn__\V=2,5°C/mn 
- 
V-100°C/mn 
eon y=160°C/mn 
V=180°C/mn 
500} _- mea 
400 SS - —— 
grain de 400 4 6OOu 
— grain de 150 a 180 
300 
Transformation par cisaillement 
200 =—grain déchiqueté t jen_ 
Le) 700 1000 1000 Secondes 
Fig. 19. Alliage U-Mo 0.5 % en poids. Courbe de 


transformation en refroidissement continu. 


~ «,’ d’aprés nouvelle nomenclature. 
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Apres des refroidissements 4 des vitesses com- 
prises entre 20 et 100° C/min, la taille du grain 
diminue d’une maniére importante et, dans ce 
dernier cas, la structure est a grains réguliers 
aux contours arrondis dont la taille n’excéde 
pas 150 wu. 

Aprés des refroidissements a des vitesses de 160 
et 180° C/min, la structure posséde des grains 
trés déchiquetés dont la taille est trés irrégu- 
liére. La différence d’aspect micrographique 
en corrélation avec la discontinuité dans la 
courbe de transformation montre que, pour 
les vitesses inférieures a 160° C/min, la 
transformation s’opere par germination et 
croissance et pour les vitesses voisines de 
160° C/min, la transformation se fait par 
cisaillement. 


Les hystérésis de chacune des transformations 
et les résultats des examens micrographiques 
sont groupés dans le tableau 3. 

Nous observons ainsi deux processus de 
formation de la phase « aux températures peu 
inférieures 4 la température d’équilibre: 645° C. 

Dans le premier cas (alliages 2, 3, 4) la phase 
« provient d’une précipitation lamellaire dans 
la matrice y, la microstructure est formée de 
lamelles alternées « et y formant des paquets 
de méme orientation cristallographique, et la 
taille du grain est indépendante de la tempé- 
rature et de la durée de la transformation 
isotherme. 

La vitesse de précipitation des lamelles est 
supérieure a leur vitesse de croissance: cette 
forme de précipitation correspond généralement 
a des précipités dont deux dimensions sont a 
peu pres équivalentes, et la troisieme beaucoup 
plus faible, il existe une taille optimum, et dans 
le cas des alliages uranium-molybdeéene les 
lamelles ne dépassent jamais 60 w de longueur 
et 2 w de largeur. 

Dans le second cas (alliage 0,5) la phase « 
provient de la transformation eutectoide d’une 
solution solide f et la taille du grain dépend de 
la température et de la durés de la trempe 
isotherme. 

Les transformations au cours de refroidisse- 


Dries ly 


U-Mo 0.5 % en poids. Brut de coulée. x 150. 


U-Mo 0.8 % en poids. Brut de coulée. x 150. 


Fig. 23. 


U-Mo 1 % en poids. Brut de coulée. x 150. 


ALLIAGES URANIUM-MOLYBDENE DE FAIBLES TENEURS EN MOLYBDENE 


TaBLEAU 3 — U-Mo 0,5 %. Transformations en refroidissement continu 
Vitesse moyenne Transformation y > B Transformation Bp > « 
de refroidissement | Début | Fin | Retard | Début | Fin | Retard | Aspect micrographique 
ae Ome Creer Pee Os Te Oe FEC) 
2,5 689 676 66 554 544 91 Gros grains: 400 a 600 pu 
5 683 668 72 547 534 98 Gros grains: 400 a 600 uw 
10 674 648 81 535 524 110 Gros grains: 400 a 600 u 
20 635 615 120 510 475 135 Gros grains: 400 a 600 uw 
40 610 555 145 480 450 165 Gros grains hétérogénes 
100 585 530 170 420 380 225 Grains de 150 a 180 wu 
160 550 481 205 290 236 355 Grain déchiqueté 
transformation martensitique 
180 554 413 201 300 200 345 Grain déchiqueté 
transformation martensitique 


ments continus a différentes vitesses ont montré 
des caractéristiques identiques 4 celles des 
transformations isothermes. 

Dans le cas des alliages 1, 2, 3, 41) aprés des 
vitesses de refroidissement allant de 2,5 a 
100° C/min, la microstructure présente un grain 
fin correspondant a une décomposition lamel- 
laire («+ y) identique a celle qui est observée 
aprés transformation isotherme aux tempéra- 
tures comprises entre 645 et 570°C. 

Dans le cas de alliage 0,5, pour des vitesses 
de refroidissement allant de 2,5 & 100° C/min, 
la microstructure présente un grain « grossier de 
400 a 600 w et pour des vitesses de 100° C/min 
la taille du grain est d’environ 150 w, l’affinage 
du grain reste ainsi faible. 

Les courbes (fig. 20) montrent la taille du 
grain en fonction de la teneur en molybdéne, 
elles font apparaitre un trés net changement de 
pente pour une teneur peu inférieure 4 1 %. 
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Fig. 20. Variation de la taille du grains en fonction 
de la concentration en molybdéne. 


Lors de l’élaboration d’alliages sous forme de 
barreaux ou de tubes coulés, pour lesquels les 
vitesses moyennes de refroidissement sont de 
20 & 60° C/min, nous avons observé pour les 
teneurs en molybdéne 0,5 et 0,8 % en poids, des 
microstructures présentant un grain grossier 
et irrégulier (figs. 21-22), alors que dans le cas 
des alliages de teneur 1, 2, 3 et 4 % en poids 
de Mo (figs. 23-24), la microstructure présente 
un grain trés fin. 

Par ailleurs, les résultats des transformations 
en refroidissement continu ont permis de tracer 
les courbes (fig. 25) montrant les retards de la 
transformation (645° C a l’équilibre) en fonction 
de la vitesse de refroidissement. 

Dans le cas des alliages 1 a 3, l’hystérésis de 
la transformation est d’autant plus importante 
que la teneur en molybdéne est plus élevée. 
Dans le cas de lalliage 0,5, Vhytérésis est 
toujours plus importante que dans les cas 
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Fig. 25. Abaissement de la température de trans- 
formation en fonction de la vitesse de transformation. 
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précédents; le molybdéne est, 4 cette teneur, un 
stabilisant de la phase f et abaisse d’une facon 
importante la température de transformation. 
L’affinage du grain qui en résulte reste faible: 
150 wu. 

Lorsque la vitesse de refroidissement est 
beaucoup plus importante (trempe), la phase / 
est conservée & la température ambiante. II n’y 
a ainsi pas de possibilité d’obtenir un affinage 
du grain aprés refroidissement continu, méme 
rapide 4 la température ambiante. 

Une corrélation a pu étre établie avec le 
diagramme d’équilibre, permettant de différen- 
cier les alliages de teneur inférieure a 0,9 % 
en poids de ceux dont la teneur va de 1 % en 
poids jusqu’a la teneur en Mo minimum 
permettant la rétention de solutions solides y 
métastables a la température ambiante. 

La limite 0,9 °% en poids correspond au 
maximum de solubilité solide en phase /. 


7. Conclusion 


Nous avons établi les tracés des courbes 
T.T.T. des alliages de teneur en molybdéne 
2, 3, 4 % en poids et décrit, en particulier, les 
transformations s’opérant par germination et 
croissance. 

La transformation de la solution solide y 
conduit a une décomposition lamellaire (« ++) 
entre 645 et 570°C et a une décomposition 
eutectoide («+ y’) entre 570° C et la température 
M;; cette derniére décomposition présente des 
caractéristiques tres particuliéres. 

Elle débute par une précipitation trés fine de 
phase « dans une matrice y déformée. La 
vitesse de réaction est trés grande et la phase « 
métastable apporte le durcissement structural 
a lalliage. 

L’étape suivante, trés lente, correspond a 
Yenrichissement de la matrice y jusqu’da la 
teneur correspondant a celle de la phase 
ordonnée y’. 

Ces différences de vitesses considérables sont 
spécifiques des alliages de faible teneur en 
molybdéne pour lesquels la trempe ne stabilise 
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pas de solution solide y a la température 
ambiante. 

Par ailleurs, la transformation des alliages de 
teneur inférieure 4 0,9 % en poids montre la 
formation de phase « a partir de solutions 
solides 6, la microstructure présente alors des 
grains grossiers et hétérogénes. 

Pour les vitesses de refroidissement corre- 
spondant a celles des alliages coulés, la trans- 
formation présente une hystérésis trés impor- 
tante et la phase f est maintenue jusqu’a 


450-500° C. 


Ceci est un inconvénient notable pour 
V’élaboration d’un matériau combustible. Si la 
transformation {/—.« prend place a une 
température trés basse, les différences de 
volume qui l’accompagnent peuvent produire 
des fissurations (ceci pourrait étre le cas avec 
des tubes trés minces). 

Dans le cas des alliages 4 1, 2 et 3 % en poids, 
un tel inconvénient n’existe pas et une isotropie 
statistique est conférée a la microstructure par 
la décomposition lamellaire fine. 
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The kinetics of the oxidation of French Flake 
beryllium in dry oxygen have been studied for 300 
hour periods at temperatures in the range 500°—700° C 
using a vacuum microbalance. At temperatures up to 
and including 650° C, the oxidation is protective and 
the rate decreases continuously with time, reaching 
a value of 0.02—0.04 ug/em? h after 300 hours. At 
750° C the rate first decreases and then increases 
with time, indicating a breakaway reaction and 
subsequent non-protective oxidation. The curves of 
weight gain against time show small discontinuities 
which are ascribed to cracking and healing of the 
oxide film. 


La cinétique de ’oxydation de paillettes de beryllium 
francais dans l’oxygéne sec a été étudiée pendant des 
durées de 300 heures dans l’intervalle de température 
500°—700° C en utilisant une microbalance sous vide. 
Aux températures jusqu’a 650° C inclus, ’oxydation 
est protectrice et la vitesse diminue de fagon continue 
avec le temps en atteignant une valeur de 0,02—0,04 
pug/em? h aprés 300 heures. A 750° C la vitesse décroit 
@abord puis augmente avec le temps, ce qui est 


1. Introduction 


The metal beryllium is proposed as the 
canning material in the advanced gas-cooled 
reactor so that there is considerable interest in 
its resistance to corrosion in the gases carbon 
dioxide, carbon monoxide and oxygen, both dry 
and in the presence of small concentrations of 
water vapour. 

This paper represents the first part of a 
comprehensive study of the high temperature 
oxidation of French Flake beryllium in the 
following gases, both dry and in the moist 
condition: oxygen, carbon monoxide, carbon 


caractéristique d’une réaction de rupture de film . 
(“breakaway’’) et d’une oxydation ultérieure non- 
protectrice. Les courbes d’augmentation de poids en 
fonction du temps montrent de petites discontinuités 
qui sont attribuées a une fissuration et a un colmatage 
alterné du film d’oxyde. 


Die Kinetik der Oxydation von franzésischem Beryl- 
lium in trockenem Sauerstoff wurde mit Hilfe einer 
Vakuum-Mikrowaage wahrend einer Dauer von 
300 Stdn. im Temperaturbereich von 500°—700° C 
untersucht. Bei Temperaturen bis 650° C verlauft die 
Oxydation selbsthemmend mit stetig abnehmender 
Geschwindigkeit, wobei nach 300 Stdn. em Wert von 
0,02 bis 0,04 wg/em2 h erreicht wird. Bei 750° C fallt 
die Geschwindigkeit mit wachsender Versuchszeit 
zunachst ab und steigt dann wieder an, was auf 
Aufreissen der Oxydschicht und eine anschliessend 
ablaufende Bildung eines nicht schtitzenden Oxyds 
hinweist. Die Gewicht-Zeit-Kurven zeigen kleine 
Unregelmassigkeiten, die der Bildung und Ausheilung 
von Rissen im Oxydiiberzug zugeschrieben werden. 


dioxide and carbon monoxide-carbon dioxide 
mixtures. 

Published work on the kinetics of the reaction 
of beryllium with oxygen is very limited; 
Gulbransen and Andrew !) have made a system- 
atic investigation at temperatures in the range 
350° C to 950° C but with the exception of a 
single run at 500°C, the period of oxidation 
was only 2 hours. Similarly the measurements 
of Cubicciotti?) over the temperature range 
885° C to 970°C were only continued for 
100 min. 

In the present study ,which covered periods 
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extending up to 300 hours and the temperature 
range 500°-750° C, the rate of oxidation has 
not, in contrast to the earlier work, been found 
to follow a parabolic rate law over any part of 
the curve, including the first few hours. Indeed, 
at temperatures up to and including 650° C 
the rate decreases rapidly with time to reach 
a very small value, whilst at 750° C a breakaway 
reaction occurs, after which the oxidation is 
non-protective. 


2. Experimental 


The beryllium was obtained from AERE, 
Harwell, in the form of rectangular pieces 
(4x 1.5 cm and 3.5x1 em) which had been 
machined from 0.75 mm sheet and _ polished 
with alumina; each sample had a 0.8 mm dia- 
meter hole drilled through the top of the face. 
The beryllium sheet had been prepared from 
electrolytic French flake which had _ been 
vacuum cast, turned to swarf, and ball-milled. 
The powder was rolled to sheet at 1000° C in a 
mild steel sheath and the surface finally ground. 

The main impurities present were in wt per 
cent: BeO, <0.3; Fe, 0.04; C, 0.03; Al, <0.07; 
Ni, 0.005; Cr, 0.003; Si, <0.006; Mg, 0.002; 
Na, 0.002; N, 0.002 with a trace of Mn, Li, K, 
Sn and Cl. 

In considering the choice of a suitable method 
of surface preparation, abrasion was rejected 
because the precautions necessary to combat 
the health hazard could not be taken, while 
electrolytic polishing would have required a 
relatively large current 3) (2 A/cm?) and the 
samples were not suitable for a screw-in 
electrode. Chemical polishing in a solution 4) 
containing 180 cc of phosphoric acid (89 %), 
23 g of chromic acid and 11 cc of concentrated 
sulphuric acid proved satisfactory; the proce- 
dure was to immerse the sample in the polishing 
bath at 100°C for 30 sec and then rinse with 
water and then acetone; the thickness of metal 
removed during the polishing was about 7 wp. 

The oxidation was followed by measuring the 
weight gain of the beryllium sample on a 
vacuum microbalance), the experimental 
arrangement being similar to that previously 
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described 6). A weight gain of 1.7 wg could be 
detected, which with a sample size of 4 cm x 1.5 
cm is equivalent to an increase in film thickness 
of 5 A [density of beryllium oxide =3.025 
g/cm? )]. 

For an oxidation run, the sample was first out- 
gassed at room temperature to a pressure of 
10-6 mm; the furnace was then switched on and 
the sample allowed to reach reaction temperature 
in a time which varied from 45 min for 500° C 
to 75 min for 750° C. After an initial loss in 
weight corresponding to a gas content of 
0.02 wt per cent there was no detectable 
increase in weight, due to possible gettering, 
neither did any evaporation of metal occur ?). 
After the sample had been at reaction temper- 
ature for about 15 min, oxygen was admitted 
to a pressure of 10 cm, the mercury raised into 
the cut-off to isolate the balance case from the 
pumps and readings taken at suitable intervals. 


3. Results 

Curves for the oxidation of beryllium over 
the first 300 hours are shown in figs. 1 and 2 as 
the weight gain of the sample w in ug/cm? 
against the time of oxidation ¢ in hours; the 
thickness of the oxide layer (assuming a surface 
roughness factor of unity) in Angstrom units 
is obtained by multiplying w by 51.7. One run 
of 300 hours’ duration was carried out at 500° C, 
550° C, 600° C and 650° C and two at 700° C; 
at 650° C a second run was continued for 500 
hours. At 750°C, the highest temperature 
studied, the range of the balance was exceeded 
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Fig. 1. Oxidation of beryllium at temperatures in 


the range 500—750° C. 
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Fig. 2. Oxidation of beryllium at 750° C. 
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Time (h) 
Fig. 3. Oxidation of beryllium at 550° C. Comparison 


of chemically polished samples (curves | and 2) with 
““as-received’” sample (curves 3, 4 and 5). 


for each of the three runs well before the end 
of the 300 hour period (fig. 2). 

There was considerable divergence between 
the results for any one temperature (e.g. 
curves 3 and 4 of fig. 1) and this is brought out 
by a number of repeat runs at 550° C (fig. 3) for 
both chemically polished samples (curves 1 
and 2) and “as-received” samples (curves 3, 
4 and 5); the considerable spread between 
repeat runs makes it impossible to decide if one 
method of surface preparation leads to a higher 
rate of oxidation than the other. Since an 
earlier study of the oxidation of aluminium °), 
using the same apparatus and general techni- 
ques, gave good agreement between repeat 
runs, often within a few per cent, the poor 
reproducibility obtained in the present work 
must be attributed to variation in impurity 
content or physical state of the surface of the 
metal. 


171 


It is clear that the curves fall into two groups 
according to the temperature, those for the 
first range, 500°-650° C, being distinguished 
from those for 750° C by the rate falling off with 
time to reach a very small value after long 
periods (e.g. the rate at 500° C at 300 hours is 
0.2 wg/em? h, corresponding to the addition of 
only one atomic layer of oxide every 3—4 hours). 
At 750° C, on the other hand, in two of the runs 
(curves 1 and 2, fig. 2) the rate first decreased 
and then increased with time, indicating a 
breakaway reaction, while in the third run 
(curve 3) the oxidation rate decreased to become 
constant (4 wg/em* h) after several hours. The 
amount of oxidation at 750° C is considerably 
greater than that for the 500°-650° C range of 
temperatures, a weight gain of 200 ug/cm? being 
reached in one run after 50 hours’ oxidation. It 
appears that 700°C represents a transition 
temperature between protective and non-pro- 
tective oxidation; thus one run (curve 7, fig. 1) 
followed the 500°-650° C pattern (though the 
rate at 300 hours was somewhat greater, 
0.13 uwg/em2 h as compared with 0.04 ug/em? h 
at 550° C, 600° C and 650° C) whereas the second 
run (curve 6, fig. 1) was similar to that of curve 
3 (fig. 2) at 750° C. 

An interesting feature of the curves is the pres- 
ence of small discontinuous weight changes which 
are shown up on plotting the experimental data 
on a scale commensurate with the experimental 
precision (fig. 4); these discontinuities are 
definitely in excess of experimental error and 
are not instrumental in origin (cf. curve 5 for 
the oxidation of aluminium at 500° C, obtained 
on the same apparatus). As far as can be judged, 
the jerky oxidation was a feature also of the 
early part of the runs although the relatively 
large rate of oxidation there tends to obscure it. 

These discontinuities make it difficult to 
decide whether the oxidation is truly protective 
in the range 500°—650° C; in particular, it is not 
possible to say whether the rate of oxidation at 
a given temperature tends towards zero so that 
the oxide layer approaches a limiting thickness, 
ot whether the rate tends to a finite value so 
that the oxide layer continues to thicken 


Fig. 4. Oxidation of beryllium at 500°C, 550° C, 
600° C and 650° C, showing the discontinuous weight 
changes. The weight gain in excess of that after 30 h 
is plotted against time. The curves should be compared 
with that for the oxidation of aluminium at 500° C 
(curve 5) determined on the same apparatus. 


indefinitely. Certainly in the one run at 600° C 
which was continued for 500 hours, the discon- 
tinuities were still occurring at the end of the 
period, but the fact that the rate fell from 
0.04 ug/cm? h at 300 hours to 0.027 wg/em?2 h at 
500 hours suggests that the rates given above 
for 300 hours at the various temperatures are 
not limiting values. 

Although 750° C was the highest temperature 
studied systematically, the furnace controller 
failed during the course of one run and the 
temperature rose overnight to 1100°C. The 
beryllium sample was twisted and covered with 
white oxide over part of its surface. 


TABLE | 


Interference colours on oxidised metal specimens 


Temp. (° C) Interference colour 
500 None. Loss of lustre 
550 None. Loss of lustre 
600 Blue and green 
650 Straw 
700 Yellow and purple 
750 Dark grey and various colours 


Most of the samples showed interference 
colours after oxidation for 300 hours at the 
various temperatures (table 1). These varied in 
colour over the sample surface, indicating an 
oxide layer of non-uniform thickness. Samples 
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oxidised at 700° C, and particularly at 750° C, 
frequently bent during the course of the run 
which again indicates non-uniform oxidation; 
microscopic examination of these samples 
indicated that the oxide surface was severely 
blistered (fig. 5). 


4, Discussion 


There is little doubt that the oxide layer on 
beryllium grows by the diffusion of Be** ions 
and a corresponding flow of electrons through 
its thickness, so that new oxide is built up at the 
gas/oxide interface’); in addition to the 
diffusion itself, there are boundary processes to 
be considered, viz. the dissolution of metal ions 
in the oxide (occurring at the metal/oxide inter- 
face) and the reaction of Be++ ions with chemi- 


Fig. 5b 


Fig. 5. Showing blistering in the oxide layer on 
beryllium after oxidation (a) in run 6 of fig. 1 at 
700° C and (6) in run 1 of fig. 2 at 750°C. 
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sorbed oxygen (at the gas/oxide interface). The 
rate of oxidation will be controlled by the 
slowest of these three processes. 


4.1. 


We consider first the diffusion process which 
could in principle be either a ““volume”’ diffusion 
of Be++ ions between interstitial positions or a 
“surface” diffusion of Bet+ ions along grain 
boundaries. If the former is rate controlling the 
oxidation can be expected to follow two para- 
bolic rate laws in succession 8-9) corresponding 
to migration under an electrostatic field and 
under a concentration gradient respectively. 
Gulbransen and Andrew") did in fact find a 
single parabolic law to hold over the two-hour 
period of their experiments with a slight 
deviation over the initial stages; and in longer 
run (55 h at 550°C) results fitting two inter- 
secting parabolic curves were obtained. Cubic- 
ciotti 2) also found that a parabolic law was 
obeyed over the 100 min period of his experi- 
ments, but the temperature range 885°—970° C 
was considerably above that of the present 
work. 

None of the present results, on the other hand, 
showed conformity to a parabolic rate law over 
any part of the curve including the first few 
hours. It must be realised, however, that the 
presence of foreign ions in the oxide layer would 
profoundly modify the rate of diffusion of Be++ 
ions across its thickness by altering the concen- 
tration of interstitial Be++ ions and hence their 
gradient across the oxide layer. If, as seems 
highly probable, the impurity concentration in 
the oxide varied during the course of the run 
by diffusion of impurity ions either in or out of 
the oxide layer, the fundamental assumptions 
made in deriving the parabolic rate law would 
no longer be valid. It follows therefore, after 
taking into account the relatively large impurity 
content of the metal, that the lack of conformity 
to a parabolic rate law does not necessarily 
mean that the diffusion of Be++ ions across the 
oxide layer is not the rate controlling step. 

These arguments, of course, equally apply to 
surface diffusion provided that the number of 
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grain boundaries per unit volume of oxide 
remains constant during the oxidation process; 
if, however, the individual oxide crystallites 
were to sinter together as time progressed, then 
the general shape of the curves up to and 
including 650°C could be qualitatively ex- 
plained in terms of a reduction in the number 
of these favourable paths for diffusion. However, 
electron diffraction investigation !°) of the 
oxide layer formed on beryllium after 30 
minutes’ oxidation at various temperatures, 
indicates the presence of crystallites whose 
diameters vary from tens of Angstroms at 
300°C to some thousands of Angstroms at 
800° C; comparison with the weight gains of 
the present work shows that the crystallite 
size, even after 30 minutes’ oxidation, is 
comparable with the thickness of the oxide 
layer itself. Thus any explanation of the subse- 
quent decrease in rate in terms of grain growth 
can be discounted. 

Turning now to a process at one or other of 
the two interfaces as the possible slow step in 
the oxidation, reaction at the gas/oxide inter- 
face between Be*++ ions and chemisorbed oxygen 
would appear to be excluded since it should lead 
to a constant rate of oxidation. The other 
possibility that the rate is controlled by the 
dissolution of Bet+ ions in the oxide at the 
metal/oxide interface should, as Uhlig 1!) has 
shown, lead to a logarithmic rate law 


w=k, logio (1 +at) (1) 


since electron flow from metal to oxide will in 
its turn hold back the slower moving Be++ ions. 
(k; is the logarithmic rate constant and a is a 
second constant.) For values of a@ such that 
a> 1, eq. (1) reduces to 


w=k, logio t+h logio a (2) 


and reference to fig. 6 will show that the present 
results at any given temperature conform only 
moderately well to eq. (2) over the first parts of 
the curve, while significant deviations occur at 
the longer times. 

It is thus seen that the arguments developed 
above do not permit any firm conclusion to be 
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Fig. 6. Oxidation of beryllium at temperatures in 

the range 500°C to 650°C. The data are tested for 

conformity to eq. (1) by plotting w against logiot. 

(The curves at 550°C, 600°C and 650°C are dis- 

placed from that at 500° C by 7.5, 15 and 22.5 wg/cm? 
respectively.) 


drawn as to the nature of the rate controlling 
process but on balance, the evidence would 
appear to suggest that the rate of oxidation is 
controlled by the rate of diffusion of Be++ ions 
across the oxide layer and that the marked 
deviations from the parabolic law occur because 
the chemical composition of the oxide film 
changes with time. 


4.2. DISCONTINUOUS OXIDATION 


There are few examples !2) of discontinuous 
oxidation in the literature and the phenomenon 
appears to be more common in the oxidation of 
alloys than of pure metals. Caplan and Cohen !2) 
established that the periods of accelerated 
oxidation encountered in the oxidation of iron- 
chromium alloys were due to the accumulation 
of silica at the metal/oxide interface, whereby the 
scale became isolated from the metal and the 
discontinuity is the result of re-oxidation after 
the scale has cracked. 

With beryllium the discontinuities are best 
interpreted along lines similar to those suggested 
by Tylecote 183) for copper, namely that the 
oxide layer undergoes stress relief by blister 
formation with associated formation of cracks 
sufficiently wide to admit molecular oxygen; 
the abrupt weight gains thus correspond to the 
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formation of these cracks and their subsequent 
healing up. The existence of stress in the oxide 
layer is evidenced by the bending of the samples 
during oxidation at 700°C and 750°C (pre- 
sumably because the stress relief is non-uniform) 
whilst the blistering of the layer (fig. 5) indicates 
that the stress is compressional. The stress may 
result from compositional changes in the oxide 
layer, particularly over the flat part of the 
curve when the composition of the film is 
presumably approaching its equilibrium value; 
an alternative view, which, however, is open 
to criticism !*), is that the compression derives 
from the fact that the oxide-to-metal volume 
ratio for beryllium is 1.7 and therefore greater 
than unity 1). 


4.3. 


It now remains to discuss the breakaway 
(curves 1 and 2, fig. 2) which of course marks 
the beginning of non-protective oxidation. 
Scott 1°) has inferred that the characteristic 
growth of oxide needles and platelets from the 
oxide surface during the oxidation of beryllium 
in room air at 600° C and above is evidence for 
non-protective oxidation. It is difficult to see 
why the growth of needles above the surface 
of the oxide layer should render the layer itself 
non-protective: there are many cases of whisker 
growth from a protective oxide layer 16). In the 
opinion of the present authors, breakaway is 
most plausibly explained by the development 
of cracks in the oxide layer over a wide area. 


BREAKAWAY 


5. Conclusions 


1. Experiments of 300 hours’ duration have 
shown that at temperatures up to and including 
650° C, the oxidation of beryllium is protective: 
the rate of oxidation decreases continuously 
with time to reach a small value (e.g. 0.02 
ug/cm2 h at 500°C after 300 h). 

2. The oxidation does not, in contrast to 
previous work, follow a parabolic rate law. The 
lack of conformity to a simple rate expression 
may be due to changes in the impurity content 
of the oxide layer as time proceeds. 
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3. At 750°C breakaway occurs, the rate 
first decreasing and then increasing with time. 

4. he oxidation curves show small, sporadic 
discontinuities (approx. 1 ug/cem?). 

5. A combined electron microscopic and 
kinetic investigation would lead to a better 
understanding of the jerky oxidation (4) and 
the breakaway (3). 
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1. Introduction 


Because of its resistance to radiation damage 
and corrosion in high temperature pressurized 
water, UO: steadily gains recognition as an 
outstanding reactor fuel material. The efforts 
to obtain high density UOz bodies in recent 
years have been prompted by the evidence !-?) 
that retention of fission-product gases is inverse- 
ly proportional to the amount of residual 
porosity. Technically, UOz bodies with density 
greater than 93 °% of the theoretical can be 
produced by powder metallurgy and_ other 
techniques such as extrusion, slip casting and 
swaging. However, the earlier procedures used 
to produce dense UOz bodies by the “‘cold press 
and sinter’ technique, usually involved com- 
pacting pressure as high as 125 tsi!) and 
sintering temperature as high as 1750° C 8), 

Recently there have been several approaches 
taken by different investigators to achieve the 
objective of lowering the sintering temperature. 
Glatter 4) has shown that a sintering temper- 
ature of 1600° C and a time of five hours could 
yield 94 % dense UOz pellets, provided the 
Natural Grade MCW (Mallinckrodt Chemical 
Works) powder was ballmilled 72 hours and the 
pellets were compacted at 80 tsi. Arenberg and 
Jahn >) have demonstrated that a final sintering 
temperature of 1500° C was sufficiently high to 
achieve densification by utilizing the principles 
of creating lattice defects to promote diffusion. 


oh 


Their techniques involved wet milling of the 
MCW UO: powder for 8 to 16 hours and 
stringent control of the variation of sintering 
atmospheres as a function of temperature. A 
sintering temperature as low as 1300° C has been 
reported by Langrod ®) to be adequate for the 
densification of UO, pellets. Langrod chose to 
prepare the non-stoichiometric oxide material 
by blending in proper proportions UQ2 and U30s 
powders. The sintering cycle was eight hours and 
the atmospheres used were wet nitrogen and 
hydrogen. The end product was actually UO2.30. 

Recent irradiation tests *) indicated that the 
stoichiometric or near-stoichiometric (O/U ratio 
less than 2.15) UOzg elements should be used for 
optimum performance, on the basis of cracking 
phenomenon and release of fission gases. These 
findings simply mean that if the technique used 
to densify UOz is by employing oxidizing 
atmospheres during sintering, the final temper- 
ature of the process must be above 1400° C in 
order to stabilize the oxide at the stoichiometric 
composition. 

This report presents some recent experimental 
data on the sintering of high density UO bodies 
from the as-received MCW powders. The experi- 
ments were conducted in the attempt to achieve 
94 % density under the following conditions: 
(1) No further powder reprocessing except the 
addition of densification promoter and binder 
by blending; (2) compacting pressures not to 


| This article is based on a paper presented before the Notre Dame conference on “Sintering and Related 


Phenomena” at the University of Notre Dame, June 15-17, 1959. 
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exceed 60 tsi; (3) sintering temperatures not to 
exceed 1600° C with sintering times as short as 
possible; (4) use of one type of sintering atmos- 
phere throughout the normal densification cycle, 
and (5) the final product should be stoichiometric 
or very nearly stoichiometric in O/U ratio. 


2. Materials 


Initially two types of UOz powders, Ceramic 
Grade and High Fired, from Mallinckrodt 
Chemical Works, were used. Preliminary experi- 
mental results indicated that the sinterability 
of the High Fired powder was not as good as 
the Ceramic Grade material. Therefore, the 
experimental data presented in this report were 
obtained using the Ceramic Grade powder which 
had not been enriched and contained only about 
0.7 wt % U-235. Since no attempt was made to 
alter the as-received powder characteristics, it 
suffices to mention here that the apparent 
powder density was about 1.5 g/cc and the 
Fisher average size of the spongy particles was 
in the neighborhood of one micron. The density 
of UOz is taken as 10.95 g/cc, but the theoretical 
densities of the experimental mixes varied some- 
what, depending on the amount and type of 
additives used. 

Three types of densification promoters were 
used. Preliminary results indicated that TiO» 
and CaO imparted higher compactibility and 
sinterability to UO: than did CaTiOs (calcium 
titanate). UOz pellets doped with TiOzg which 
had the best thermal shock resistance were 
nevertheless quite sensitive to the dew point of 
the sintering atmosphere with respect to degree 
of densification. 

Of the three types of binder or lubricant used 
in the preliminary studies, polyvinyl alcohol 
(Elvanol 51-05, DuPont) was selected for use 
in the subsequent investigation. The use of 
glyptol and calcium stearate resulted in com- 
pacts with poor green strength. 


3. Procedures 


Except for the precautionary measures taken 
to avoid health hazards, the techniques and 


equipment used in this investigation were by 
no means unconventional. As indicated previ- 
ously, the straight cold-press-and-sinter powder 
metallurgical technique was used. The proce- 
dures described below were established after 
some exploratory experimentation. The results 
of the exploratory or feasibility studies are not 
incluced mn this report. 

A mixture of 99.75 % UO: and 0.25 % TiOs 
or CaO was blended for one hour by tumbling 
in a glass jar. A water solution of polyvinyl 
alcohol (2 % of the weight of powder mix) was 
stirred into the blended powder. The water was 
then driven off by heating the powder at 110° C. 
The dried powder cakes were pulverized in a 
porcelain mortar. 

Because of the abrasive nature of UOs 
powder, a carbide lined 1.3 cm (4 inch) diameter 
die was used for compacting. Various compacting 
pressures between 10 and 60 tsi were used in 
this investigation. Since a given amount of 
powder was maintained, the pressed heights of 
the samples varied between 0.6 cm (4 inch) to 
1.3 em (4 inch), depending on the pressed 
densities. 

Dry dissociated ammonia gas was used as the 
sintering atmosphere. The sintering furnace 
used was a regular production type high 
temperature furnace with molybdenum heating 
elements. Although the furnace was designed 
for continuous operation, batch sintering was 
used in this investigation. The pressed compacts 
were loaded on either molybdenum or graphite 
boats lined with fine alundum sand. The experi- 
mental temperatures used were 1500 and 1600°C, 
with various sintering times up to 6 hours at 
temperature. 

The sintered densities were obtained by the 
water displacement method. The etching proce- 
dure for the preparation of metallographic 
samples involved immersion for about 20 
minutes in a solution of 1 H2,O—1 HNOs-— 
> H2SOu. The same samples were used in the X-ray 
diffraction study to determine the lattice para- 
meter of the sintered oxide. All property data 
presented in this report are the average values 
of two or more samples. 
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TABLE 1] 


Experimental data on pressing and 1500° C sintering of ceramic grade UOs 


(PVA binder; TiO flux; TD = 10.90 g/cc) 
a ee ee 


1500° C sintering 
Compacting Average pressed ace ee Fy hoe 
pressure | density Base ee. —_—_|—_— 4 es 
(tsi) (g/cc) Sintered here Shrinkage Sintered | % Shrinkage 
| density (g/ec) | Dia. | Height | density (g/ec) | Dia. Height 
] ] 
40 5.80 | 9.85 / 16.4 Wisz 9.85 17.4 18.6 
50 6.08 10.00 16.1 16.4 10.26 | 16.5 18.4 
60 6.26 10.14 15.7 16.9 10.67 15.1 19.3 
TABLE 2 
Experimental data on pressing and 1600° C sintering of ceramic grade UOz 
(PVA binder; CaO + or TiO flux) 
Average pressed 3 hours sintering at 1600° C 
a i=) — — — —_ _— = 
vompacting | density (g/ec) With CaO flux With TiO, flux 
pressure | | s es = = = SS 
(tsi) eae iy eal Sintered | % Shrinkage Sintered °% Shrinkage 
ae CaO | With TiOs | density (g/cc) | Dia. | Height | density (g/cc) | Dia. | Height 
| | 
1082 NS RIO | | 9.97 | | 
20 DOOM | 9.99 | 
30 5.78 | 10.02 
40 6.08 | 5.80 10.27 | 14.9 17.9 10.48 16.3 20.1 
45 6.20 10.31 
50 6.26 | 6.08 10.36 eo) sso: 10.48 15.4 19.4 
55 G32)" 4 10.37 
60 6.41 | 6.26 10.43 13.9 18.0 10.48 14.7 18.5 


tT With CaO, TD = 10.88 g/cc. 


4, Results and Discussion 


The density and shrinkage data are presented 
in tables 1 and 2. The use of CaTiO3 as a 
densification promoter did not produce satis- 
factory results; consequently, the data on 
samples containing this agent are not included 
in this report. 

It is obvious from the results of this investi- 
gation that under given sintering conditions, 
the degree of densification of UOz is a function 
of pressed density. However, to achieve 94 °%/, 
density or higher the experimental data show 
that it is not necessary to use compacting 
pressures greater than 60 tsi. The densification 
behaviour of pressed UOz pellets is more clearly 


depicted in figs. 1 and 2, in which sintered 
density values obtained under different sintering 
conditions are plotted in terms of percent 
theoretical density as a function of degree of 
compaction (pressed density as °% theoretical). 
Fig. 1 shows that the TiO2-containing pellets 
can be sintered to over 94 % dense at 1500° C 
in 6 hours, provided the pressed density is at 
least 55.8 % (6.08 g/cc) of the theoretical. In 
fig. 2, the advantage of using TiO as the 
densification promoter is shown by the upper 
curve which indicates that pellets pressed at 
40 tsi (pressed density = 53.2 °4 of the theoreti- 
cal) can be sintered to over 96 % dense at 
1600° C in 3 hours. Under similar conditions 
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the CaO-containing pellets can only attain94.4% 
density, although the pressed density may be 
higher than TiO2-containing pellets at a given 
compacting pressure. 
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Fig. 1. 1500°C sintering of UO2 with TiOs flux. 
98 i 7 —— sj 
97} ++_|_|_With TiO, flux ,TD=10.90 9Kc 
96 eee a ee ee ——— 

re) 
Acs 
3 
5 95} — i, ~- 
o 
s 
e Qo 
uw 94 
1°] 
eS With CaO flux, TD=1088] 9% 
£6 
7) 
& 93 
me} 
“a 
o 
(= 
wo 
ic 92 L 
5 | 
91 a = 
90 = ai — 
46 48 50 52 54 56 58 


Pressed'density as °%/. theoretical 


Fig. 2. 3 hours sintering of UO2 at 1600°C. 
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It is possible that the principles of creating 
lattice defects through the variation of ratios 
of oxygen to uranium might have played a part 
in facilitating densification. On the other hand, 
it is not likely that the mechanism of creating 
lattice defects in this instance was operating in 
the same manner as that disclosed by Arenberg 
and Jahn >). It can be shown theoretically 8) 
TiOz may be reduced by dry dissociated 
ammonia or hydrogen at temperatures above 
1400° C. In practice a partial reduction might 
occur under these conditions, and the resultant 
H20 from the reaction could possibly cause the 
temporary oxidation of UO: to a non-stoichio- 
metric oxide, thus creating lattice defects. The 
fluctuant crossing of the metal-metal oxide 
equilibria lines could conceivably promote 
densification. 

Using low compacting pressures will minimize 
pressure cracking of compacts and reduce tool 
wear and breakage. But, an important drawback 
of maintaining a low pressed density is the 
occurrence of high shrinkage upon densification. 
While it is true that dimensions can still be 
controlled if high shrinkage is uniform, the 
thickness of the pressed parts in the direction 
of pressing must necessarily be limited. The 
results of this investigation show that linear 
shrinkages as high as 20% have been en- 
countered. 

The microstructure of a dense UOz pellet is 
shown in fig. 3 at 330 magnification. This 


Microstructure of a dense UO: pellet con- 
taining 0.25 % TiOs. x 330. 
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sample had been sintered 6 hours at 1600° C 
to almost 98 % density, therefore the residual 
porosity is very low. By X-ray diffraction the 
lattice parameter of the sintered material was 
found to be 5.47 A, indicating that the oxide is 
very nearly stoichiometric in composition with 
O/U ratio between 2.00 and 2.03 9). 


5. Conclusions 


It has been found after a limited investigation 
that the as-received Ceramic Grade UO2 powder 
from Mallinckrodt Chemical Works could be 
processed by conventional powder metallurgical 
means into dense pellets. The as-received raw 
material does not have to be subjected to special 
treatments other than blending with small 
amounts of polyvinyl alcohol as a binder and 
TiOz or CaO as a densification promoter. 

The pellets may be compacted at pressures 
of 60 tsi or lower and sintered to higher than 
94 % density in a dry dissociated ammonia 
atmosphere. Depending on the degree of 
compaction, the sintering conditions required 
to achieve high density may involve temper- 
atures of 1500 to 1600° C with times at heat of 
3 to 6 hours. Using this process the sintered 
UO, will be very nearly stoichiometric in 
composition which is desirable for fuel element 
application. With the processing conditions and 
equipment used in this investigation, the chances 
of economically producing large quantities of 
UO: are good. 

The phenomenon of rapid densification of 
samples containing TiOz under the experi- 
mental conditions suggested the possibility of 
creation of lattice defects through the variation 
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of O/U ratio during the sintering cycle. It was 
pointed out that TiOz might have been partially 
reduced by the sintering atmosphere under 
favorable conditions, releasing H2O as an 
oxidizing agent which upset the metal-metal 
oxide equilibrium and promoted densification. 
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La présente lettre décrit les aspects micro- 
scopiques des fractures de bioxyde d’uranium, 
ainsi que leurs relations avec les conditions de 
préparation de ce produit et les traitements 
thermiques qu il a subis!). 

Nous avons pratiqué les fractures 4 25° C par 
impact et nous avons observé leurs aspects au 
microscope électronique en utilisant une mé- 
thode de double réplique rhodoid-carbone avec 
ombrage ?). 

Un aspect caractéristique d’une telle fracture 
est représenté par la figure 1, sur laquelle on 
remarque: 


des porosités; 


des surfaces présentant des figures de rivieres 
telles que les régions notées A sur la figure 1; 


des surfaces unies telles que la région notée B. 


La figure 2 présente un autre aspect des 
fractures ot on reconnait des figures de rivieres 
dans la zone A, ainsi qu’un faciés d’aspect 
nouveau dans la zone C. 

On sait que les figures de riviéres sont associées 
& une rupture par clivage 3). C’est done ce mode 
de fracture qui a prévalu dans les régions que 
nous avons notées A. Les figures 3 et 4 illustrent 
avec plus de détails ce phénomeéne. 

L’aspect des joints de grains de la région 
notée C est caractéristique d’une surface poly- 
cristalline ayant évolué vers léquilibre des 
joints de grains qui a conduit au gravage de 
ceux-ci que l’on peut noter sur la figure. 

Il en résulte que les surfaces telles que C 


correspondent a des cavités internes du maté- 
riau fracturé (figure 5). 

Les zones telles que B, qui ne présentent au- 
cune des caractéristiques précisées ci-dessus, 
peuvent tres vraisemblablement étre attribuées 
a une décohésion inter-granulaire. C’est ce que 
nous avons admis dans la suite de notre travail. 

La fractographie conduit 4 des ruptures le 
long des surfaces de moindre résistance et 
favorise, de ce fait, la mise en évidence de sur- 
faces internes du matériau fracturé. En parti- 
culier, elle nous a permis l’observation détaillée 
de cavités présentes dans le bioxyde d’uranium 
fritté. 

Pour la commodité de l’exposé, nous divise- 
rons ces cavités en micropores, comme ceux 
visibles sur la figure 1, et macropores, comme la 
cavité qui était limitée par la partie notée C 
sur la figure 2. 

La figure 6 représente, dans leurs détails, 
des micropores existant dans un _ bioxyde 
d’uranium fritté a une température minimum 
de 1500° C. Ces micropores apparaissent sous 
une forme pseudo-sphérique présentant des 
figures polaires et des surfaces planes faiblement 
accusées. 

Les pores visibles sur la figure 7 sont situés 
a l’intérieur du grain. Des pores peuvent égale- 
ment étre situés sur une surface inter-granulaire, 
comme sur la figure 8, ot. l’on distingue des pores 
de forme ovoide le long du joint de grain. 

Ces pores présentent également des facettes 
planes et des figures polaires analogues A celles 
constatées sur les pores intra-granulaires. 
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Fig. 1. x 3000. Fig. 4. x 10000. 


Fig. 2. x 3000. 


Fig. 3. x 3000. Fig. 6. x 15 000. 
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Fig. 8. x 15.000. 


9. 1600°C. x 15 000. 


Fig. 10. 
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1800°C. x 15 000. 


2000° C. x 15 000. 
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Fig. 13. 2000°C. x 15 000. 


Fig. 14. x 3000. 


Fig. 15. x 15.000. 


Les figures polaires et les facettes apparaissant 
sur les micropores sont plus ou moins nettes 
suivant la température de frittage. Pour préciser 
la relation entre la température a laquelle le 
matériau a été porté et l’aspect des micropores, 
nous avons recuit, pendant une méme durée de 
5 heures, des éprouvettes préalablement frittées 
a basse température *). 

Un chauffage 4 1600°C conduit a Vaspect 
représenté par la figure 9. A 1800° C, on obtient 
Vaspect illustré par les figures 10 et 11. Enfin, 
& 2000° C, on a des aspects semblables, tels que 
ceux des figures 12 et 13. 

On remarque qu’au fur et a mesure que la 
température du recuit s’éleve apparaissent 
d’abord les faces de l’octaedre puis, toujours 
avec un développement moindre, celles du 
cube. Il est possible que dans certains cas 
apparaissent également, avec un faible dévelop- 
pement, les faces du dodécaedre. 

Les macropores présentent un aspect illustré 
par la figure 14 ot lon remarque la formation 
de figures polaires analogues a celles constatées 
sur les micropores. 

La surface des macropores présente aussi, 
quelquefois, des faciés tel que celui de la 
figure 15, o& on voit un systéme de stries a 
symétrie ternaire développé sur la surface libre 
du grain. 

La symétrie des facettes planes sur les micro- 
pores, ainsi que l’analogie avec ces derniéres des 
figures de stries sur les surfaces des macropores, 
montre que leur formation est liée 4 la symétrie 
cristalline du bioxyde d’uranium. Elle est due a 
Pévolution de la surface, initialement courbe, 
des porosités vers une surface polyédrique 
limitée par des plans cristallins de faible énergie. 


EN CONCLUSION 


Liidentification du mode de rupture qui 
caractérise les zones de faible résistance du 
bioxyde d’uranium, c’est-a-dire les zones riches 
en pores, permet de distinguer entre un bioxyde 
uranium fritté de porosité intergranulaire, et 
un bioxyde d’uranium fritté de porosité intra- 
granulaire. 

Nous avons montré la corrélation existant 
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entre la température & laquelle le fritté a été 
porté et Vaspect des porosités qu’il contient. 


Nous remercions Monsieur Bogdanovitch de 
sa collaboration pour la préparation des répliques 
et les photos au microscope électronique. 
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L’échee des essais du clivage de Voxyde 
d’uranium sur des monocristaux de grande 
taille!) nous a conduit 4 entreprendre |’étude 
de ce clivage sur des cristaux de plus petite 
taille, mais moins imparfaits, préparés dans 
Vétat solide par grossissement des grains d’un 
fritté de bioxyde d’uranium. 

Pour préparer nos échantillons, nous avons 
chauffé a 2200°C sous hydrogéne, pendant 2 
heures, des pastilles de bioxyde d’uranium 
obtenues elles-mémes par frittage a 1350°C 
d’une poudre de bioxyde d’uranium de grande 
surface spécifique. 

Ce traitement nous a conduit a des pastilles 
extrémement fragiles que l’on peut briser par 
simple pression des doigts. Par ce moyen, on 
obtient des particules monocristallines de 
tailles généralement comprises entre 0,05 mm 
et l.mm,(fig., 1): 

Comme on le voit, ces éclats présentent un 
systeme de faces planes le long desquelles se 
produit la décohésion de la pastille. L’examen 
(fig. 2), d’une telle surface montre l’aspect 
caractéristique en gradins d’une face de clivage. 

Le présent travail nous a permis d’établir, 
par |’étude micrographique et radio-cristallo- 
graphique, les caractéristiques du clivage obtenu. 

La figure 3 montre trois directions différentes 
de gradins que nous avons notées 1, 2 et 3. On 
voit que les angles entre ces directions sont, aux 
erreurs d’expérience pres, de 60°. 

L’étude détaillée des portions de grains 
d’aspect curviligne permet de décomposer ceux- 


186 


ci en une suite d’éléments chacun paralléle a 
lune des directions 1, 2, 3. 

Cette caractéristique des gradins montre que 
le plan de clivage est perpendiculaire a un axe 
de symétrie ternaire du réseau cristallin du 
bioxyde d’uranium, ce qui établit que le plan 
de clivage est le plan (111). 

Nous avons recoupé ce résultat en mesurant 
Vangle des diédres formé par les différents 
systemes de plans de clivage. Nous avons 
trouvé des angles de 70—71° qui, étant donné 
les difficultés de mesure sur les petits cristaux 
dont nous disposions, concordent d’une maniére 
satisfaisante avec la valeur de 70° 32’, angle 
de familles distinctes des plans (111) dans le 
systeme cubique. 

Pour nous assurer que les gradins observés 
n’étaient pas dts a la formation de bandes de 
glissement sur les cristaux de bioxyde d’uranium, 
nous avons comparé la topographie de la face 
inférieure (fig. 3) et de la face supérieure (fig. 4) 
d’un cristal mince. On constate que le dessin 
des gradins est trés différent sur l’une et l’autre 
de ces faces, ce qui exclut la possibilité de 
glissement. 

Les expériences décrites jusqu’ici établissent 
que Voxyde d’uranium se clive le long des 
plans (111). 

De maniére a4 contréler ce résultat, nous 
avons fait des diagrammes de Laue sur les faces 
de clivage de certains de nos échantillons en 
orientant le faisceau incident perpendiculaire- 
ment a la face étudiée. 
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Nous avons obtenu des diagrammes tels que 
celui représenté par la figure 5 et la détermi- 
nation des zones [101] sur le diagramme de 
rayons X nous a montré que chacune est 
perpendiculaire a Pun des systemes de gradins 
du cristal irradié. I] en résulte que les directions 
des gradins sont les directions [101]. Or, celles-ci 
sont celles des intersections des plans de la 
famille (111). 

La radiocristallographie confirme donc les 
résultats de la micrographie et nous permet 


5 


daffirmer, en toute certitude, que le bioxyde 
(uranium se clive parallélement au plan (111) 
et uniquement suivant cette famille de plans. 


Je remercie Madame Belbéoch et Monsieur 
Pério pour laide quils m’ont apportée dans 
Pétude radiocristallographique. 
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An octahedral growth habit has been observed 
in crystals of uranium dioxide formed by vapour 
deposition !-2) and in crystals grown from fused 
salts!). A cubic growth habit was observed when 
vapour was condensed on ionic substrates?). 
Naturally occurring uraninite is commonly 
cubic, octahedral, or cubo-octahedral, some- 
times modified by {520}, {114} or {335} forms). 


Fig. 1. Single crystals of uranium dioxide as formed 


on platinum cathode (x 7). 


Separate single crystals of uranium dioxide 
were deposited by the Author on a platinum 
cathode (see fig. 1) by the electrolysis of a 
solution of uranyl chloride in fused sodium 
chloride-potassium chloride eutectic at 840° C 
under reducing conditions (to be reported later). 
These crystals were grown to a size of 3 mm 
across, and a mass of about 50 mg. The orien- 
tation of the crystals on the platinum cathode 
was random both in the case of fine grained and 
single crystal cathodes. 

The crystal habit was determined by gonio- 
metric and X-ray diffraction measurements and 
found to be octahedral. The {111} faces were 
modified by {100} faces developing at a crystal 


Fig. 2. 


Stereogram of electrolytically deposited 
uranium dioxide crystal. 
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mass of about 5 mg, and further modified by 
{331} faces at a crystal mass of about 10 mg. 
The {331} facets developed in pairs between the 
{111} faces of the cubo-octahedra (see fig. 2). 

Variation of oxygen content up to UOe15 by 
atmosphere control did not influence the {111}, 
{100}, {331} habit. 

Cleavage of the crystals occurred on {111} 
planes, and interpenetrant twins on {111} were 
occasionally observed. The {111} cleavage of 
fused uranium dioxide has previously been 
reported 4). 


R. G. ROBINS 
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It has been suggested !.2) that when uranium 
is thermally cycled into and out of the f phase, 
there is a contraction along the normal to the 
phase boundary and identical extensions in the 
perpendicular directions. The idea was applied 
to the case of a long hollow tube of inner and 
outer radii a and b in which the phase boundary 
moves radially in a symmetric manner. Further 
consequences of this assumption are deduced 
below. 

We may write the radial displacement at a 
distance r from the axis as f(r). Then the radial 
strain is df/dr and the hoop strain f/r. Since 
the motion of the phase boundary is radial, we 
expect equal axial and hoop strains and hence 
since the net deformation after a complete cycle 
gives rise to no change in volume (2f/r + df/dr) 
is zero. Thus we find f =c/r? where c is a constant 
which will in general depend on the manner of 
cycling. Its magnitude may be estimated if the 
axial strain on the outer surface, e«*, or the 
mean axial strain € is known, since 


e*=c/b3, €=2c/{ab(a+))}. 


Hence the radial displacements on the inner 
and outer surfaces are 


gg,  €( =O) a 
a a 2a et iii a 2b 


respectively. If a is small the displacement on 
the outer surface is small and on the inner 
surface large. 

We note however, that if the inner radius is 


too small, the deformation is inadmissible since 
it implies more than one point going to an 
identical location. Thus we require 


R+e/R?>r+e/r? if R>r>a. 
Hence the critical condition is 
R3r2— cR2—73R2+cr2=0 for R>r>a. 


This equation has roots 


R=r, {c+(4er3 + c?)*}/(2r2). 
The condition that the greatest root is 7 is that 
r> {c+ (4cr3 + c2)*\/(2r2), ie. 
(273 —c)2 > 4r8c +2, 1.e. 73> 2c. 
Thus we require 
73> 2c for r>a, i.e. a® > 2c. 


If this criterion is not satisfied, the deform- 
ation will be restricted. We may expect also 
that a certain amount of restriction will apply 
except when @3/2c is large. Thus a, if very small, 
will increase with successive cycles and hence 
may allow much greater deformation to occur 
in subsequent cycles. For large a however, the 
changes in radii are negligible and hence equal 
amounts of damage should occur in each cycle. 
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(Réponse & la lettre de J. Williams, J. Mat. Nucl. 2 (1960) 92) 


1) Les conditions opératoires des expé- 
riences de frittage en atmosphere d’argon 
d’oxyde d’uranium non stoechiométrique ont 
été les suivantes: 

Les pastilles comprimées sont placées sur des 
supports en molybdeéne. 

L’expérience acquise lors de la fabrication 
d’UOzg fritté pour la premiére charge de com- 
bustible de Zoé, en 1948, nous a montré que le 
contact d’UOs avec les réfractaires alumineux 
ou silico-alumineux introduisait une pollution 
considérable et nous avons abandonné ce type 
de support. 

Le cycle de température est tel que |’élimi- 
nation de la majorité des liants a lieu lors d’un 
maintien de deux heures a 400° C dans l’argon, 
qui précéde le frittage lui-méme. 

En tout état de cause, quels que soient les 
soupcons que l’on peut avoir sur l’influence du 
molybdeéne ou de traces de produits organiques 
sur la consommation d’oxygéne excédentaire, 
les dosages chimiques montrent que les oxydes 
frittés dans l’argon a partir de poudres hyper- 
stoechiométriques sont eux-méme3 hyperstoe- 
chiométriques. Par exemple: lors d’un frittage 
a 1200° C Vune poudre de composition UOs2,21, la 
densité obtenue était 10,5 et la composition 
moyenne UO2,17. 

2) Pour répondre a la question concernant 
les teneurs en eau des atmospheres de frittage, 
Vhydrogeéne est purifié sur des copeaux de Ti-Zr 
maintenus a 800° C, et ’ammoniac craqué sur 
une colonne de perchlorate de Mg. Dans les 
deux cas, les teneurs en eau sont inférieures a 
10-3 mg/litre a Ventrée du four. 


Il n’en est pas de méme, par contre, dans la 
zone ou se trouvent les produits en cours de 
frittage, ou l'eau produite par la réduction de 
Voxyde hyperstoechiométrique en UOe2,o0 mo- 
difie vraisemblablement beaucoup cette valeur. 

De plus, il faut souligner que la connaissance 
des teneurs en humidité du gaz ne renseignerait 
pas pour autant sur influence de l’eau apparue 
dans le produit lui-méme lors de sa réduction 
par Vhydrogéne. Par ailleurs, les premiers 
résultats d’une étude en cours indiquent que 
Veau peut étre retenue sur l’oxyde d’uranium 
jusqu’a des températures voisines de la tempé- 
rature de début du frittage. 

Le tableau présenté par M. J. Williams nous 
semble devoir étre modifié: si l’on utilise comme 
densité théorique la valeur 10,9, les diminutions 
de porosité comparées sont en bon accord sauf 
pour le premier échantillon, qui accuse 95,1 % 
de diminution au lieu de 92,9 %. 

3) Le phénomeéne de surfrittage dans le cas 
de l’oxyde Vuranium a été signalé, en effet, par 
Murray en 1950. 

Cependant, l’influence de la surface spécifique 
de la poudre étudiée sur la valeur de la tempé- 
rature optimum de frittage, que nous avons 
mise en évidence, nous parait constituer un 
résultat expérimental nouveau. 

En conclusion, le travail expérimental discuté 
montre que l’argon ou l’hydrogéne utilisés 
comme atmosphéres de frittage pour loxyde 
d’uranium permettent lobtention de résultats 
technologiques analogues, la différence essen- 
tielle entre les deux cas nous paraissant résider 
dans les cinétiques de recristallisation. 
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Par ailleurs, nous ne disposons pas de résultats 
permettant de confirmer linfluence mise en 
évidence par les chercheurs britanniques d’un 
trés faible écart 4 la stoechiométrie sur l’apti- 
tude au frittage en atmosphére neutre. Toute- 
fois, Melle. Carteret présentera & Amsterdam 
(3éme congrés international sur la réactivité 
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des solides, juin 1960) ses résultats sur 
Vinfluence de l’écart a la stoechiométrie des 
poudres d’oxyde d’uranium sur leur réactivité. 
Ce travail nous semble apporter des indications 
de nature & permettre une synthése de nos deux 


points de vue. 
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Uranium dioxide is an important fuel material 
in reactors but oxidises to U30g in air at 
elevated temperatures. The kinetics of the 
reaction of dense compacts is important in the 
handling and use of the fuel and has therefore 
been investigated over the range 350-1000° C. 

Stoichiometric uranium dioxide pellets (0.98 
cm diameter x 0.89 cm long) with a density of 
approximately 10.5 g/cc were prepared by firing 
cold pressed powder compacts in argon at 
1450° C followed by firing in a hydrogen-nitrogen 
mixture at 1400° C. Their oxidation behaviour 
was determined at 50° C intervals in the range 
350-1000° C, using a conventional thermal 
balance. A pellet contained in an alumina 
crucible was brought to temperature in pure 
argon and then oxidised in air at a flowrate of 
500 std. cc/min; the weight gain was recorded 
at suitable intervals until about 30% of the 
theoretical weight gain for complete oxidation 
to U30g was observed. At 900 and 1000° C the 
reaction was carried to completion. 

Typical weight gain vs. time curves are shown 
in fig. 1. At 350-600° C an induction period was 
observed which decreased as the temperature 
was raised; subsequent oxidation proceeded 
rapidly at a linear rate, the U3Og falling away 
as a fine powder. At 650—-850° C the product 
appeared to become protective but breakaway 
to a linear rate followed after a time which 
increased as the temperature was raised. Above 
900° C the product formed a protective shell 
round the specimen and no breakaway pheno- 
mena were obtained during complete oxidation 
of the pellet although breakaway was obtained 
upon thermal cycling. The phase U3Og can be 
deficient in oxygen above 600°C and as the 
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Fig. 1. Weight gain vs. time curves for 30% oxi- 
dation of UOsz pellets to UsOg in air at 350—-1000° C. 


phase diagram is in doubt at high temperatures 
experiments were done to determine the com- 
position of the final product at 1000° C; it was 
found to be UOs.¢5. 

One experiment was carried out at 400° C 
to determine whether the induction period was 
affected by the surface condition of the specimen 
after fabrication. 0.025 cm was ground off the 
surface of a pellet which was then oxidised as 
before. No detectable change occurred in the 
induction period or oxidation rate. 

The interpretation of the results is complic- 
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ated by the fact that the phase diagram for the 
relevant composition range is in doubt and the 
oxides of uranium may be non-stoichiometric 
with UOs containing excess oxygen, and U30g 
less than the stoichiometric amount of oxygen. 
However, the induction period obtained at 
temperatures up to 600°C is consistent with 
the work of Aronson et al.1) who postulated that 
the nucleation of U3Og could be rate-determining 
at 350° C; the transition from the slow to final 
fast rate might therefore be governed by a 
nucleation and growth mechanism. 

The rate after the induction period is probably 
controlled by diffusion of oxygen ions through 
a thin uncracked layer of Us3Og, whose average 
thickness is constant at any particular tempe- 
rature and which cracks once the stresses at the 
interface between the oxide phases are suffi- 
ciently great. However, at the higher tempe- 
ratures (900—1000° C), when a thick scale is 
formed, diffusion of molecular oxygen through 
the outer porous part of the scale to the thin 
uncracked layer may be rate-determining. 
Table 1 shows that the final rate after 30 % 


TABLE 1 


Rates of attack after 30% of the theoretical amount 
of oxygen had reacted 


Temperature Rate f 
(72@) (mg/cm? h) 
350 14 
400 | 22.5 
450 51.0 
500 51.7 
550 | 47.3 
600 | 40.7 
650 | 33.5 
700 | Ore 
750 36.0 
800 | 16.8 
850 | 21.0 
900 | 4.0 


+ The rates are expressed as weight gain per unit 
of geometric surface area per unit of time (mg/cm2h). 
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of the theoretical amount of oxygen had reacted 
decreases as the temperature rises from 500 to 
900° C. This is thought to be due to an increase 
in the thickness of product through which the 
oxygen had to diffuse as the particle size of the 
product increased with temperature above 
500° C. The mechanism of such thickening is 
probably associated with an increase in the 
plasticity of the product which allows the 
stresses in the film to be relieved by deformation 
rather than cracking. Sintering of the cracked 
product is unlikely to have been of importance 
as the density of the scale formed at 900° C 
was 7.6 g/cc (92 % of the theoretical value) 
whilst U30g powder does not sinter appreciably 
at 1000° C. 

The reaction is further complicated by the 
diffusion of oxygen ions into the body of the 
pellet to form non-stiochiometric UOs. The 
process may facilitate the thickening of the 
uncracked film of U30g as it will decrease the 
rate of growth and hence allow more time. for 
deformation. In addition it may well be respon- 
sible for the breakaway type of curve obtained 
at 650—850° C, the transition to a linear rate 
being the point at which the diffusion becomes 
slow and of little importance due to the build-up 
of oxygen in the centre of the pellet. 

Work by Livey and Murray 2) using hot 
pressed UOe.13 of bulk density 10 g/cc showed 
a peak rate of 160 mg/cm? h at 700° C compared 
with 52 mg/cm? h at 500° C in the present work. 
The difference is most likely due to differences 
in the method of manufacture or density of the 
compacts. Diffusion of oxygen would occur 
more readily into the lower density material 
and internal oxidation would be expected to 
break-up the pellet and expose a greater surface 
area to the gas. 
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BOOK REVIEW 


CoLLOQUE SUR LA DIFFUSION A L’ETAT SOLIDE. 
(SYMPOSIUM ON SOLID STATE DIFFUSION) 

(Saclay 3, 4, 5 juillet 1958). (Centre d’Ktudes 
Nucléaires de Saclay — North-Holland Publish- 
ing Cy, Amsterdam. iv+178 p. Guilders 30). 


This book is a collection of the twenty-one papers 
read at a conference at the “‘Centre d’Htudes Nucléaires 
de Saclay” in July 1958. Its scope is less wide than the 
title suggests, since all the articles are concerned with 
diffusion in metals, with a strong emphasis on the 
problems of intermetallic chemical diffusion and the 
diffusion of gases in metals. Both of these problems 
have considerable application in present day technical 
metallurgy, particularly in the field of reactor techno- 
logy where metal components are required to operate 
at high temperatures and under the influence of 
damaging radiations. Our understanding of diffusion 
in metals has as yet reached a stage at which only 
rather idealised cases such as self-diffusion in pure 
metals, the effects of impurities at vanishingly small 
concentration on self-diffusion, and the diffusion of 
impurities at similar concentrations in a pure solvent 
metal can be treated theoretically with much success. 
Diffusion in alloys and more complex systems in- 
volving concentration gradients and phase boundaries 
is considerably less well understood. Experimental 
work on such systems is therefore necessary not only 
to provide the empirical knowledge for special 
applications but also to further our general under- 
standing of diffusion processes. 

The book will perhaps be of greatest value to those 
concerned with the technical aspects of diffusion in 
metals, but readers more interested in the purely 
physical aspect of the subject willfind a number of topics 
of fundamental importance included. The first paper, 
for example, illustrates the phenomenological approach 
to the problem of diffusion in a concentration gradient 
and shows that some measure of agreement can be 
obtained between calculation and experiment regard- 
ing the mean displacements of atoms in chemical 
diff usion. 

A group of articles follow in which many of the methods 
now used. for analysing diffusion zones are described 
and illustrated by reference to particular experimental 
work. These methods include a variety of radioactive 
tracer techniques, micro-hardness measurements and 
a method applied to «-brass depending on the rates 


of evaporation and condensation of zinc. In addition 
two articles deal with the observation of atomic 
migration over short distances. The clustering of 
dissolved atoms into zones with linear dimensions of 
the order of 50 A when certain alloys are cold-worked 
is examined as a diffusion process and diffusion 
coefficients evaluated from X-ray analysis of the zones. 
Electron diffraction studies allow the interdiffusion 
of metals in thin evaporated films to be followed at 
temperatures very much lower than those required 
for more conventional macroscopic diffusion experi- 
ments. With these methods it becomes possible to 
observe the effects of quenched-in defects, and the 
results are of interest not only from the point of 
view of establishing a mechanism for the diffusion 
process, but also for the information they may 
provide on the physical metallurgy of the systems 
studied. 

The behaviour of the inert gases in metals is of 
particular importance in reactor technology since these 
elements are formed within fuel elements as fission 
products, and their subsequent behaviour may 
seriously affect the mechanical properties of these 
components, quite apart from the danger of the 
escape of radioactive gases. The inclusion of a number 
of papers in the conference on the solubility and 
diffusion of inert gases in metals is therefore very 
appropriate. A second gas diffusion problem arises in 
reactors because of the need to prevent the oxidation 
of uranium and other structural metals. The diffusion 
of oxygen through protective envelopes, together 
with the efficiency of methods available for enveloping 
or “‘canning”’, and interdiffusion between the metal 
requiring protection and the envelope, are accordingly 
the subjects of further articles. 

The book is beautifully produced, with excellent 
reproduction of metallographs, electron micrographs 
and photographs; it is a pity that some of them are 
without legends. Graphs and drawings are clearly 
reproduced on a generous seale, a feature which adds 
to the pleasure of reading the book. There are few 
typographical errors, though a notable one occurs on 
page 33 where the diffusion coefficient has been placed 
on the wrong side of Fick’s equation, one of the basic 
equations in diffusion theory. It is curious that the 
term “three dimensional diffusion”? has been used 
consistently as a translation of ‘diffusion en volume’”’. 


D. H. TOMLIN 


196 


